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Abstract

Hydrogen embrittlement, the detrimental effect of hydrogen on the mechanical proper-

ties (strength, ductility, toughness, etc.) of metals and alloys, has been an important

engineering challenge. Despite the great effort devoted to this subject in the past, the

mechanisms by which hydrogen embrittles most metallic materials remain unclear. In

this work, molecular dynamics (MD) studies have been carried out in order to investigate

hydrogen embrittlement in steel.

Tensile test simulations of pure iron and ferrite have initially been performed. Noticeable

differences in the strength and the deformation behaviour of pure iron and the solid

solution were found. These differences become sufficiently large at strain rates below

109 s−1 in the [1 1 1] and [1 1 0] directions, confirming the strengthening role of carbon

atoms.

MD simulations using a periodic array of dislocations were performed to investigate the

effects of hydrogen on the dislocation mobility in the presence and absence of a C intersti-

tial under applied shear stress. Due to the high tensile stresses, hydrogen diffuses to and

accumulates at the tensile side of the dislocation core, forming a Cottrell cloud. Hydrogen

solutes decrease dislocation mobility by several orders of magnitude. The presence of hy-

drogen in a dislocation pinned by a carbon interstitial increases the stress needed to unpin

the dislocation. These results suggest that hydrogen is unlikely to facilitate dislocation

glide or to aid dislocations overcoming C interstitials.

The effect of hydrogen on the fracture process was also studied. Crack propagation was

studied on the (1 1 1)[1 1 2], the (1 1 1)[1 1 0] and the (1 0 0)[0 1 0] orientations. The re-

sults show a range of mechanisms leading to inferior fracture toughness as the hydrogen

concentration is increased. For the chosen simulation conditions, the operation of these

mechanisms depends mostly on the crystal orientation and the hydrogen concentration.

On the (1 1 1)[1 1 2] orientation at low hydrogen concentrations, fracture resembles that of

the Adsorption Induced Dislocation Emission (AIDE) mechanism while at higher concen-

trations the nucleation of dislocations is prevented and fracture occurs via a cleavage-like

mechanism. This trend was also repeated on the (1 1 1)[1 1 0] orientation. Furthermore, at

higher concentrations, increased plasticity caused by intense dislocation activity leading

to nano-void formation was also seen on this orientation. These features are consistent
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with the Hydrogen Enhanced Localised Plasticity (HELP) model. On the (1 0 0)[0 1 0] ori-

entation, hydrogen reduces the lattice cohesion and fracture occurred at lower values of

stress intensity, which is in agreement with the Hydrogen Enhanced Decohesion (HEDE)

model.

Based on these simulations, it has been concluded that there exists a spectrum of opera-

tional hydrogen embrittlement mechanisms in the nanoscale fracture process of Fe. The

dominance of HEDE, HELP, AIDE or other failure mechanism depends on the crack-tip

conditions, such as the local hydrogen concentration, crack orientation and crack velocity.
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Nomenclature

αp = coefficient of thermal expansion

ρ̄i = local electron gas density at position of atom i

∆a = crack extension

ε̇ = strain rate

ϵ = energy at equilibrium distance for Lennard-Jones potentials

γus = unstable stacking fault energy

⟨A⟩ensemble = ensemble average of property A

⟨A⟩Time = time average of property A

apre = predicted acceleration for Predictor-Corrector algorithm

ai = acceleration of atom i

Fi = force acting on atom i

rcor = corrected position for Predictor-Corrector algorithm

rpre = predicted position for Predictor-Corrector algorithm

ri = position of atom i

u = displacement

vcor = corrected velocity for Predictor-Corrector algorithm

vpre = predicted velocity for Predictor-Corrector algorithm

vi = velocity of atom i

ν = Poisson’s ratio

ϕij = pair potential (chapter 3)

σ = distance at which energy is zero for Lennard-Jones potentials (chapter 3)

σmax = maximun tensile stress

σyield = yield strength
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σij = stress component ij

τij = shear stress component ij

θ = angle with crack plane

B = drag coefficient

b = Burgers vector magnitude

bij = bond order parameter for Tersoff potentials

C0 = far-field H solutes concentration

D = diffusion coefficient

Ei = energy of bond i

fc = cut-off function for bond-order potentials

Fi = embedding function for EAM potentials

G = shear modulus

g(r) = radial distribution function

GIe = energy release rate for dislocation emission

H = total energy of the system

K = kinetic energy of the system (for chapter 3)

K = stress intensity factor (for chapter 6)

KI = stress intensity factor for mode I loading

kB = Boltzmann constant

Li = size of simulation box on the i direction

m = strain rate sensitivity

mi = mass of atom i

N = number of particles in the system

P = pressure of the system

r = distance from with crack tip

r = interatomic distance (chapter 3)

r0 = cut-off radius

rmobile = radius of mobile region for K-controlled simulations

rpz = radius of plastic zone around the crack-tip
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T = temperature of the system

t = time

U = potential energy of the system

ui = displacement component i

V = volume of the system

v = dislocation glide velocity

VA = function describing attractive interaction for Bond-order potentials

VR = function describing repulsive interaction for Bond-order potentials

Vij = energy of bond between atom i and j

MSD = mean-square displacement
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and ϵ = 10.4meV. . . . . . . . . . . . . . . . . . . . . . . . . . . . . 27

Figure 4.1 α-Fe unit cell: a = 0.2856 nm, space group Im3̄m (229). . . . . . . . 38

Figure 4.2 Ferrite unit cell: carbon atoms (red) occupy octahedral sites (Wyck-

off 6b). . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 38

Figure 4.3 Stress-strain curves at ε̇ = 108 s−1 for bulk samples: (a) α-Fe; (b)

ferrite. σmax for ferrite is higher when loaded in the [1 1 1], [1 1 0]

and [1 1 2] directions. . . . . . . . . . . . . . . . . . . . . . . . . . . 41

Figure 4.4 Stress-strain curves at ε̇ = 108 s−1 for nanowhiskers: (a) α-Fe; (b)

ferrite. No significant difference in σmax. . . . . . . . . . . . . . . . . 42

xi



Newcastle University SoE

Figure 4.5 Stress-strain curves for bulk samples in the [1 1 1] direction: (a) α-Fe

and (b) ferrite. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 44

Figure 4.6 Maximum stress versus strain rate for different directions using pe-

riodic boundary conditions (bulk): (a) α-Fe and (b) ferrite. Two

stages can be identified in the [1 1 1] and [1 1 0] directions. At lower

strain rates, σmax is strain rate-insensitive while at higher values of

strain rate, σmax increases with ε̇. . . . . . . . . . . . . . . . . . . . 45

Figure 4.7 Maximum stress versus strain rate for different directions using non-

periodic boundary conditions (nanowhisker): (a) α-Fe and (b) fer-

rite. σmax is related to ε̇ by the power law σmax = Cε̇m. . . . . . . . 46

Figure 4.8 Deformation of a α-Fe nanowhisker loaded in the [1 1 2] direction

at ε̇ = 1010 s−1: (a) Several twins nucleate at the edges of the

nanowhisker; (b) As they grow, they intercept other twins and reach

the opposite edge of the nanowhisker; (c) Twin boundaries merge

to accomodate the increasing strain, resulting in larger twinned re-

gions. Colouring based on local lattice orientation. Yellow atoms:

original orientation. Green atoms: medium rotation. Red atoms:

large rotation. Blue atoms: surface atoms. . . . . . . . . . . . . . . 48

Figure 4.9 Deformation of a α-Fe nanowhisker loaded in the [1 1 2] direction at

ε̇ = 109 s−1: (a) Twins nucleate at the edges of the nanowhisker; (b)

They propagate until they reach the opposite surface or other grow-

ing twins; (c) Twin boundaries move and expand twinned regions,

as the load increases. Colouring based on local lattice orientation.

Yellow atoms: original orientation. Green atoms: medium rotation.

Red atoms: large rotation. Blue atoms: surface atoms. . . . . . . . 49

Figure 4.10 Deformation of a α-Fe nanowhisker loaded in the [112̄] direction ε̇ =

108 s−1: (a) A pair of twins nucleate at the edges of the nanowhisker;

(b) They grow through the nanowhisker, reaching the opposite sur-

face to become the twin boundaries; (c) As the strain increases, the

twin boundaries advance to extend the twinned regions. Nanovoids

nucleate at twin boundaries with almost no dislocation activity.

Colouring based on local lattice orientation. Yellow atoms: orig-

inal orientation. Green atoms: medium rotation. Red atoms: large

rotation. Blue atoms: surface atoms. . . . . . . . . . . . . . . . . . 49

Figure 4.11 Deformation of a α-Fe nanowhisker loaded in the [1 1 1] direction at

ε̇ = 1010 s−1: (a) Several 1
2
[111] dislocations nucleate at the edges

of the nanowhisker; (b) and (c) Dislocations on main slip planes

propagate through the nanowhisker and reach the opposite surface.

Highly deformed areas are shown in grey. . . . . . . . . . . . . . . . 50

xii



Newcastle University SoE

Figure 4.12 Deformation of a α-Fe nanowhisker loaded in the [1 1 1] direction at

ε̇ = 5 × 108 s−1: (a) Intense dislocation nucleation resulting in the

formation of a crack; (b) Dislocation emission from the crack-tip and

formation of surface steps; (c) In-plane slip at 45◦ from the loading

axis; (d) Deformation at ε̇ = 5× 106 s−1, showing significantly more

slip steps than in (d). Atomic strains larger than 1 are shown in red. 51

Figure 5.1 Creation of PAD supercell: a) Initial configuration consisted of two

merged Fe single crystals (blue and orange). The upper crystal is

larger than the lower one as it has an extra (1 1 1) plane. b) Final

configuration of the PAD supercell containing a single 1
2
[1 1 1] edge

dislocation, whose line is perpendicular to the plane of the page.

Blue, white and grey atoms represent atoms in bcc coordination,

atoms at the dislocation core and traction atoms, respectively. . . . 58

Figure 5.2 Potential energy in eV/atom of PAD supercell before and after en-

ergy minimisation. a) Unrelaxed configuration: lattice mismatch

along the boundary between two joint half-crystals results in high

potential energy. b) Relaxed configuration: after minimisation of

the potential energy, a 1
2
[1 1 1] edge dislocation is created. Atoms

with high potential energy can only be found along the dislocation

line. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 58

Figure 5.3 σxy stress field around the dislocation for the S2 supercell (see ta-

ble 5.1) using a) ReaxFF potential and b) isotropic elasticity solu-

tion. For the ReaxFF prediction, atoms at the edges of the supercell

have zero stress, deviating from the isotropic elasticity prediction. . 61

Figure 5.4 σxy stress field around the dislocation for the S4 supercell (see ta-

ble 5.1) using a) ReaxFF potential and b) isotropic elasticity solu-

tion. For the ReaxFF prediction, atoms at the edges of the supercell

have zero stress, inconsistent with the isotropic elasticity prediction.

However, due to larger size of the supercell, the difference between

both predictions is minor. . . . . . . . . . . . . . . . . . . . . . . . 61

Figure 5.5 Dependence of σxy with position x along the [1 1 1] axis. The isotropic

elasticity solution shows a weak decay of σxy for | x |> 10 nm. For

the atomistic prediction, σxy becomes zero at the edge of the super-

cell due to the periodicity of the supercells. . . . . . . . . . . . . . . 62

Figure 5.6 Core position versus time under 100MPa applied shear stress at

500K for both ReaxFF and EAM potentials. . . . . . . . . . . . . 64

Figure 5.7 Core position versus time under different applied shear stress at

500K for EAM and ReaxFF potentials. . . . . . . . . . . . . . . . . 65

xiii



Newcastle University SoE

Figure 5.8 Average glide velocity as a function of the applied stress at 500K,

showing that the glide velocity increases linearly with the applied

stress for stresses up to 200 100MPa, respectively for EAM and

ReaxFF. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 66

Figure 5.9 Dependence of the drag coefficient B with temperature for EAM

and ReaxFF. B varies linearly with temperature in the tested tem-

perature range, between 100 and 600K . . . . . . . . . . . . . . . . 68

Figure 5.10 Core position versus time for an edge dislocation in Fe-C under

different applied shear stress at 500K using a) EAM and b) ReaxFF

potentials. c) Core position versus time for σxy = 400MPa using

EAM potential showing that contact times between the dislocation

and C interstitial limit the glide process. . . . . . . . . . . . . . . . 70

Figure 5.11 a) Core position versus time for an edge dislocation in Fe-C under

σxy = 600MPa for different temperatures using EAM potential. b)

Effect of the temperature in the drag coefficient. . . . . . . . . . . . 72

Figure 5.12 Number of H atoms at the dislocation core per unit length of dis-

location line, NH/Lz, for a) EAM and b) ReaxFF. NH/Lz plateaus

at equilibrium. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 74

Figure 5.13 Hydrogen diffusion to dislocation core: a) and c) hydrogen solutes

are initially distributed randomly through the supercell. b) and d)

Hydrogen atoms aggregate to the dislocation core, forming highly

concentrated Cottrell clouds. . . . . . . . . . . . . . . . . . . . . . . 75

Figure 5.14 (a) and b) Core position versus time for different H concentra-

tions C0, for σxy = 350MPa. c) Core position versus time for

C0 = 0.066 at.% showing a slow and a fast glide regimes, with the

transition between them occurring at t ≈ 2,400 ps and t ≈ 1,100 ps,

for EAM and ReaxFF, respectively. . . . . . . . . . . . . . . . . . . 76

Figure 5.15 Dependance of the glide velocity with applied shear stress in the

solute drag regime for EAM and ReaxFF. . . . . . . . . . . . . . . . 79

Figure 5.16 Variation of the drag coefficient B with the far-field H concentration

C0. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 79

Figure 5.17 Snapshots of the glide process for an edge dislocation in the presence

of H solutes. Two regimes can be seen: solute drag (a-d) and free-

flight glide (f). The dislocation line and H atoms are displayed in

green and blue, respectively. Fe atoms have been removed from the

visualisation. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 81

xiv



Newcastle University SoE

Figure 5.18 Effect of adding 0.033 at.% of H on the mobility of an edge disloca-

tion pinned by a C interstitial. a) Dislocation glide is prevented by

the presence of hydrogen solutes, when applying 600MPa of shear

stress. b) The average glide velocity increases with the applied shear

stress. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 83

Figure 5.19 Effect of the H concentration on the glide stress and mobility when

a C interstitial is present. Increasing the H concentration leads to

higher required stresses to overcome the C interstitial and lower

average glide velocities. . . . . . . . . . . . . . . . . . . . . . . . . . 83

Figure 5.20 Core position versus time under 600MPa of applied shear stress for a

dislocation pinned by a C interstitial (C), a cloud of solute H atoms

(H cloud) and both of them (C + H cloud). . . . . . . . . . . . . . . 84

Figure 5.21 Snapshots of the glide process for an edge dislocation initially pinned

by a C interstitial under 400MPa of applied shear stress. a) Initially,

the C interstitial sits in the middle of the straight dislocation line. b)

Under applied stress, the dislocation bows out as the C interstitial

pins a segment of the dislocation. c) The applied stress and the

thermal assistance are sufficient to overcome the drag posed by the

C interstitial. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85

Figure 5.22 Snapshots of the glide process for an edge dislocation initially pinned

by a C interstitial in the presence of H solutes under 1,700MPa of

applied shear stress. a) Initially, H atoms are distributed along the

straight dislocation line. b) Under stress, the dislocation bows out

and H solutes accumulate at one side of the C interstitial. c) The

applied stress and the thermal assistance are sufficient to overcome

the drag posed by the C and H solutes. . . . . . . . . . . . . . . . . 86

Figure 6.1 Semi infinite crack geometry used inK-controlled fracture simulations. 93

Figure 6.2 Typical supercell used for fracture simulations. Boundary atoms

(blue) are used to apply the displacement corresponding to desired

KI value. Mobile atoms (red, grey and yellow) follow Newtonian

mechanics. Interactions between opposite crack surface atoms (yel-

low and grey) have been deleted to prevent spontaneous closure of

the crack tip (screening technique). . . . . . . . . . . . . . . . . . . 96

Figure 6.3 Effect of the simulation size Lx on the stress intensity factor at which

dislocation emission or cleavage occur, KI at event. The variation

of KI at event with simulation size is negligible for Lx ≥ 30 nm. . . . 98

xv



Newcastle University SoE

Figure 6.4 Deformation of the (1 1 1)[1 1 2] crack. In blue, atoms in BCC po-

sitions, and in grey defect atoms. Dislocations highlighted in red

circles. a) The applied KI is not high enough to drive crack growth,

∆a = 0. b) Under KI = 1.18MPa
√
m, a 1

2
[1 1 1] dislocation is emit-

ted from the crack-tip which blunts the crack-tip and arrests crack

growth. c) Increasing KI produces another dislocation and limited

crack growth. d) The fracture process consists on alternating crack

growth, dislocation emission and blunting events as KI is increased. 100

Figure 6.5 Deformation of the (1 0 0)[0 1 0] crack. In blue, atoms in BCC po-

sitions, and in grey, defect atoms. The star indicates the initial

crack-tip position. a) The applied KI is not high enough to drive

crack growth. b) Under KI = 1.15MPa
√
m, crack growth begins,

resulting in a crack extension of ∆a = 0.93 nm c) Small increases

of KI produces considerable crack growth. d) At the crack-tip a

complex atomic shearing process occurs. . . . . . . . . . . . . . . . 101

Figure 6.6 Equilibrium hydrogen distribution around the crack-tip for different

H concentrations. a) At low concentrations all hydrogen is located

on the crack surfaces. b)-c) Higher concentrations saturate the crack

surfaces and hydrogen is absorbed into the bulk, where can readily

diffuse to the crack-tip. d) For C0 > 1.16 at.%, a BCC (blue) to

FCC (green) phase transition at the crack-tip occurs due to the

aggregation of H solutes of the crack-tip. . . . . . . . . . . . . . . . 103

Figure 6.7 Deformation of the (1 1 1)[1 1 2] crack with C0 = 0.29 at.%. H atoms

in purple, Fe atoms in BCC positions in blue and defect Fe atoms in

grey. a) The applied KI is not high enough to drive crack growth,

∆a. b) The first dislocation nucleates under slightly higher KI

than that of pure Fe; however, the crack extension produced, ∆a =

0.79 nm, is considerably higher than in the absence of H. c) Lower

KI is needed for the nucleation of the second dislocation, which oc-

curs at a crack extension of ∆a = 0.94 nm. d) Extensive plastic

deformation is produced with increasing KI. The nucleation of dis-

locations gliding on slip planes oblique to the crack plane promote

crack growth and re-sharpen the crack-tip. . . . . . . . . . . . . . . 105

Figure 6.8 (1 1 1)[1 1 2] crack-tip before and after the emission of a 1
2
(1 1 1)

dislocation on a slip plane oblique to the crack plane. The emission

of the dislocation seems to re-sharpen the crack-tip. . . . . . . . . . 106

Figure 6.9 Deformation of the (1 1 1)[1 1 2] crack with 10 ps between KI incre-

ments. a) Dislocation emission. b) Twinning. . . . . . . . . . . . . . 106

xvi



Newcastle University SoE

Figure 6.10 Deformation of the (1 1 1)[1 1 2] crack orientation with C0 = 0.87 at.%.

H atoms in purple, atoms with BCC coordination in blue and de-

fect atoms in grey.a) Hydrogen atoms saturate the crack surface

and accumulate at the crack-tip. Crack growth begins at KI =

1.11MPa
√
m. b) The bulk hydrogen accumulated at the crack-tip

prevents dislocation emission and crack extension occurs via cleav-

age until it arrests due to the nucleation of a pair of dislocations.

As KI is increase and as H atoms diffuse to the crack-tip and crack

growth onsets again. . . . . . . . . . . . . . . . . . . . . . . . . . . 107

Figure 6.11 Deformation of the (1 1 1)[1 1 0] crack as a function of the H concen-

tration C0. H atoms in purple, Fe atoms in BCC positions in blue

and Fe atoms with no crystalline structure in grey. . . . . . . . . . . 108

Figure 6.12 Deformation of the (1 0 0)[0 1 0] crack with C0 = 0.58 at.%. H atoms

in purple, Fe atoms in BCC positions in blue and defect atoms in

grey. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 109

Figure 6.13 Deformation of the (1 0 0)[0 1 0] crack with C0 = 1.45 at.%. H atoms

in purple, Fe atoms in BCC, FCC and HPC structure in blue, green

and red, respectively. Defect atoms in grey and cyan. . . . . . . . . 110

Figure 6.14 Applied stress intensity factor KI versus crack extension ∆a for

(1 1 1)[1 1 2] and (1 1 1)[1 1 0] crack orientations. . . . . . . . . . . . . 112

Figure 6.15 Applied stress intensity factor KI versus crack extension ∆a for

(1 0 0)[0 1 0] crack orientation. . . . . . . . . . . . . . . . . . . . . . 113

xvii



List of Tables

Table 3.1 Thermodynamic ensembles. . . . . . . . . . . . . . . . . . . . . . . . 25

Table 4.1 Maximum stress and Schmid’s factors for bulk samples. . . . . . . . 40

Table 4.2 Maximum stress for whiskers. . . . . . . . . . . . . . . . . . . . . . 40

Table 4.3 Calculated strain rate sensitivity for α-Fe and ferrite for different

directions. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 43

Table 5.1 PAD simulation size optimization. . . . . . . . . . . . . . . . . . . . 60

Table 6.1 Crack orientations used for K-controlled simulations. . . . . . . . . 96

Table 6.2 Effect of system size on crack growth behaviour for a crack oriented

on the (1 1 1)[1 1 0]. Fracture occurs via dislocation emission. . . . . 97

Table 6.3 Effect of system size on crack growth behaviour for a crack oriented

on the (1 0 0)[0 1 0]. Fracture occurs via cleavage. . . . . . . . . . . . 97

Table A.1 Various physical properties predicted by the EAM [13, 14] and ReaxFF

[12] for Fe–H interatomic potentials used in this work. . . . . . . . . 148

Table A.2 Formation and binding energies (eV) for other defects predicted by

EAM [13, 14] and ReaxFF [12] potentials. . . . . . . . . . . . . . . . 149

Table A.3 Elastic constants (GPa) for Fe predicted by EAM [13, 14] and ReaxFF

[12] potentials. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 149

xviii



Chapter 1

Introduction

Steel is the structural material most widely used globally. Its abundance, relatively low

cost and ability to greatly change its mechanical properties by alloying and processing

make it suitable for the vast majority of engineering tasks. Steels are widely used in a

number of industries such as the construction and transport industries. The energy sector

is also no exception to applications of this alloy.

Hydrocarbons are presently the main source of energy as they account for more than half

of energy production worldwide [1]. Pipelines are the most efficient and safest mean of

hydrocarbon transport. However, like any other engineering assets, pipelines are exposed

to a variety of hazards that compromise their integrity. Only surpassed by third-party

interference, environmental damage is one of the main causes of pipeline failure, which is

usually manifested in the form of stress corrosion cracking and hydrogen damage. While

the former is considerably more common than the latter, newer pipelines, made out of

higher-grade steel, are highly susceptible to some form of hydrogen damage, such as

hydrogen embrittlement (HE). While it is true that the change to energy sources with

smaller impact on the environment than hydrocarbons is necessary, this change will take

time. From the possible future sources of clean energy, hydrogen is one of the most

prominent. This technology is likely to repurpose part of the gas infrastructure such as

pipelines and storage facilities. This will unavoidably expose these assets to high pressures

of hydrogen gas, conditions that are known to result in hydrogen embrittlement.

The deleterious effect of hydrogen on steel was first reported more than a century ago [2].

Now it is well-known that steel, among other alloys and pure metals, has its mechani-

cal properties significantly affected when exposed to a hydrogen environment. Hydrogen

concentrations as low as 10−3 at.% are reported to have significant impact on toughness

and strength. However, hydrogen embrittlement remains far from being completely un-

derstood. Several theories have been proposed in order to rationalise HE, each of them

with their own supporting and contradictory evidence. Hydrogen Enhanced Decohesion

(HEDE) [3, 4], Hydrogen Enhanced Localised Plasticity (HELP) [5–7] and Adsorption
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Induced Dislocation Emission (AIDE) [8, 9] are some examples of HE models relevant

to steel. Nevertheless, at the time of this work, a model that can satisfactorily establish

quantitative conditions at which HE will take place is not available.

Part of the reason why HE is difficult to investigate is the high mobility and low solubility

of hydrogen atoms, making direct observation and detection almost impossible. Modern

steels are very complex engineering materials and contain a great number of microstruc-

tural defects such as point defects, dislocations and grain boundaries. The macroscopic

effects of hydrogen on steel are the consequence of the strong interactions of hydrogen

atoms with these defects. Therefore, knowledge of events occurring at the atomic level

will benefit our understanding of the HE process.

With the continuous increase in computational capabilities, atomistic simulations have

proven valuable for our current understanding of modern materials. Ab-initio calcula-

tions are highly accurate and are usually employed to calculate formation and interaction

energies at the ground state. This data can be used to fit interatomic potentials that

can be employed in larger scale simulations such as Molecular Dynamics (MD), Molec-

ular Statistics (MS) and Monte Carlo (MC) simulations. MD simulations can be used

to predict the time evolution of the system, and have been widely use to study topics in

fracture mechanics and plasticity.

In the field of hydrogen embrittlement, MD simulations offer the opportunity to study

mechanistic aspects that otherwise could not be studied. For instance, hydrogen is known

to modify the behaviour of dislocations, which drive the main mechanism for plastic de-

formation. While direct observations of dislocations are readily available, the distribution

of hydrogen atoms around these defects cannot be determined experimentally. Simi-

larly, continuum dislocation theory stops being valid at the core region, where hydrogen

atoms are more likely to migrate, and quantum mechanics treatments remain too com-

putationally expensive to accommodate the large number of atoms needed to recreate

realistic models of dislocations. However, the limitations described above are not present

in MD simulations, making them a viable option to study hydrogen-dislocation interac-

tions. Therefore, when tailored correctly, they can be used to test specific concepts of

proposed HE models.

MD simulations have important limitations that need to be recognised, namely, reduced

time and length scales when compared with experiments, and dependence on the accuracy

of interatomic potentials obtained from experimental or first-principles data. However,

over the past few decades, more powerful computers and more efficient algorithms have

been developed, suggesting that these limitations will become less significant. Embedded-

Atom Method (EAM) interatomic potentials [10] allow fast computations with relatively

good levels of accuracy in metals. Simulations of systems comprising several millions of

atoms are in reach of most high performance computing services. Time scales close to

the order of magnitude of microseconds can be achieved for systems containing hundreds
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of thousands of atoms. Furthermore, new types of interatomic potentials such as the

Reactive Force Field (ReaxFF) potentials [11] have shown good accuracy when describing

complex systems, such as the Fe-C-H system [12]. These advances suggest that atomistic

simulations will continue to play a role in understanding hydrogen related phenomena.

In this thesis, a study of hydrogen embrittlement using molecular dynamics simulations is

presented. The effect of hydrogen in ferrite is studied using widely used EAM interatomic

potentials [13, 14]. A newer reactive force field potential [12] have also been considered

as it offers the opportunity to study hydrogen behaviour under scenarios that have not

been studied with MD simulations, namely, dislocation glide through C interstitials in the

presence of H solutes. Finally, the effect of hydrogen in fracture of pure Fe is also studied

using K-controlled simulations. These simulations attempt to evaluate the viability of

relevant HE models as mechanisms for fracture of an atomically sharp crack.

1.1 Aims and Objectives

The aim of this work is to elucidate the mechanisms of hydrogen embrittlement that

operate in steel by performing molecular dynamics simulations.

• To study the impact of C on the mechanical properties of ferrite by performing

tensile test simulations.

• To investigate the effect of hydrogen on edge dislocation mobility using a periodic

array of dislocations (PAD) model for dislocation glide.

• To investigate the fracture behaviour of Fe as a function of the concentration of

hydrogen solutes using K-controlled fracture simulations.

1.2 Structure of thesis

This thesis is structured as follows. Chapter 1 discusses the importance and some of the

challenges of researching hydrogen embrittlement. Aims and objectives of this work are

also stated in this chapter. Chapter 2 provides a background to hydrogen embrittlement

and discusses some of the challenges of studying HE and highlighting the importance

of understanding it. The hydrogen embrittlement process, from the uptake of hydrogen

into the metal to the induction of embrittlement is also discussed. A summary of the

main proposed HE mechanisms with their own relevant evidence and limitations is also

included. In chapter 3, the foundations of Molecular Dynamics simulation are presented.

The typical process of performing MD simulations is also discussed. A brief discussion

on different interatomic potentials with special focus on EAM and ReaxFF potentials is

included, as the simulations presented on this thesis made use of them. A summary of

relevant HE studies performed with MD simulations is also provided. In chapter 4, a

comparison between mechanical properties of pure iron and ferrite, the solid solution of
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C in body-centred cubic Fe, predicted by molecular dynamics using a widely-used EAM

potential are presented. This is done in order to estimate the effect of C atoms, which are

commonly neglected in atomistic simulations of ferrite. Chapter 5 examines one of the

manifestations of HE, the effect on dislocation mobility, which is one of the main concepts

proposed in the Hydrogen-Enhanced Localised Plasticity model. The mobility of an edge

dislocation in pure iron and in the presence of C interstitials is estimated. Comparison

is made between the mobility in the presence and absence of hydrogen solutes. Chapter

6 studies the effect of hydrogen in the nanoscale fracture process of pure Fe, using K-

controlled fracture, a simulation technique in which the stress intensity factor K is the

only loading variable. Brittle fracture and ductile failure at different H concentrations

were studied in order to identify the fracture mechanism and relate it to HE mechanisms

proposed in the literature. Conclusions will be presented in chapter 7, together with

suggestions on future research relevant to this topic.
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Chapter 2

The Hydrogen Embrittlement

Challenge

Hydrogen embrittlement (HE) is the detrimental effect of hydrogen on the mechanical

properties of metals and alloys. In low carbon steels, the presence of atomic hydrogen in

concentrations as low as 10 ppm [15], significantly reduces strength, ductility and tough-

ness. This reduction on the ability of the material to bear load can lead to unpredictable

catastrophic failure and limits the structural applicability of the affected materials.

Hydrogen embrittlement has been a technical challenge for over a century, as the adverse

effects of hydrogen on steel was first recognised by Johnson in 1875 [2]. Despite the great

effort devoted, the issue is still unresolved for most materials. While the embrittlement

process is understood in materials in which hydride formation is possible (e.g. V, Zr Ti

and their alloys [7, 16, 17]), the mechanisms by which hydrogen embrittles steel and other

non hydride-forming materials has not been satisfactorily explained.

Hydrogen embrittlement is difficult to study for a number of reasons. One of them is

the fact that modern steels are complex materials. The microstructure, which controls

mechanical properties, is usually finely tuned during the steel making process, and con-

tains a wide variety of defects. Hydrogen interacts with all these defects in different ways,

as shown in figure 2.1. Depending on these interactions, hydrogen embrittlement can be

increased or reduced. For instance, microstructural defects can function as irreversible

traps and prevent atomic H diffusion to regions ahead of the crack-tip, where embrittle-

ment occurs, which might limit hydrogen embrittlement. Conversely, reversible traps can

increase the amount of hydrogen uptake during H charging, which can then become free

and diffuse to the crack-tip, resulting in increased hydrogen damage. Because of the dif-

ferent interactions with microstructural defects, there is significant spread when assessing

hydrogen embrittlement, which gives rise to a large number of controversial findings. Fur-

thermore, direct observations of the role of hydrogen on the nanoscale deformation process

in bulk material is not possible, and even in experiments using thin TEM samples, the H
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distribution in the affected area is unknown.

Figure 2.1. Schematic representation of hydrogen interactions with microstructural de-
fects at the a) atomic scale and b) microscopic scale [18].

The inability of experimental techniques to resolve the atomic scale make atomistic sim-

ulations an attractive alternative to study hydrogen embrittlement. Density functional

theory calculations have already offered valuable findings regarding the binding energies

of H around different defects [19–23], and molecular dynamics simulations have also con-

tributed to study the effects of hydrogen in nanoscale deformation phenomena and to test

concepts proposed by relevant HE mechanisms [24]. As greater computational resources

become available to researchers, the H-related phenomena that will be possible to study

using atomistic simulations will continue to increase.

The aim of this chapter is to provide a background regarding hydrogen embrittlement, the

conditions under which it becomes severe and the proposed mechanisms with the most

relevance to steels. Comprehensive reviews on these topics can be found in the literature

[18, 24–26]. This chapter is organised as follows: Sections 2.1 and 2.2 discuss the impact of

HE, and the main factors influencing the conditions under which it becomes significant,

respectively. Section 2.3 describes the HE process, and relevant HE mechanisms are

discussed in section 2.4. Finally, a brief overview relevant Molecular Dynamics studies of

HE is provided in section 3.8.

2.1 Impact of hydrogen embrittlement

A wide variety of metallic materials are susceptible to hydrogen embrittlement. Some

examples of these materials are low carbon steels [27], high Mn steels [28], Al alloys [29],

and high strength Ni alloys [30], among many others. Furthermore, with the aim to

reduce material costs, the demand for high strength materials continues to increase. In

6



Newcastle University SoE

steels, higher strength is usually achieved with more complex microstructures containing

phases such as martensite and bainite. However, higher strength generally leads to higher

susceptibility to hydrogen, which poses a problem for more recent structures made with

higher strength alloys.

Because of the large number of alloys affected, HE is a risk for many industrial applica-

tions. The oil and gas, automotive and nuclear industries are some examples of sectors

in which HE is relevant. In the oil and gas industry, HE affects pipelines and other pres-

sure vessels, which are well-known for being susceptible to hydrogen damage, especially

when operating in sour service conditions (in presence of H2S or H2SO4) or under cor-

rosive environments. In the automotive sector, HE affects high strength steels employed

to manufacture automotive components. High strength steels are often used as they offer

an inexpensive way to reduce weight. In the nuclear sector, gaseous hydrogen additions

to the water coolant used to improve corrosion control, can lead to a reduction of the

fracture toughness of Ni-based alloys [31]. These examples are just some of the many

risks HE represents for modern society.

Aside from its impact in current industrial applications, HE is expected to continue to be

problematic in future applications. The pursuit of reducing CO2 emissions has led to the

search for cleaner energy technologies. Some of these technologies are based on hydrogen

as an energy carrier. For instance, fuel cell vehicles (FCV) are one of the candidates

to replace internal combustion engine cars in the future. FCV generate electricity from

hydrogen, which has to be somehow stored in the vehicle. Hydrogen storage is a non-

trivial issue, and one of the possible ways to do it is as compressed hydrogen gas. While

state-of-the-art hydrogen tanks are not made with metallic materials [32], some of the

components (e.g. valves, fittings, etc.) would still be. Furthermore, the success of FCV

and other hydrogen based technologies, would undoubtedly result in an increase of hy-

drogen demand, which would require further hydrogen storage and distribution facilities.

Existing gas storage facilities and pipeline networks could be repurposed to hydrogen,

which would signify an important reduction of resources and waste. However, for this to

be possible, a better understanding of the hydrogen embrittlement process is needed.

2.2 Factors affecting hydrogen embrittlement

There is a large number of factors that can lead to hydrogen embrittlement. These factors

can be divided into three main categories, as shown in figure 2.2. The first main category is

related to the material itself. An important factor in this category is the microstructure.

Hydrogen interacts with microstructural defects, and depending on the nature of such

interactions, hydrogen embrittlement can be increased or decreased. For instance, the

presence of metalloid impurities and second phase particles usually leads to more severe

hydrogen damage, while the presence of some strong H traps might mitigate it [18].

Microstructures containing hard phases such as martensite are highly affected by HE, as
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Figure 2.2. Factors affecting hydrogen embrittlement [15]. A combination of a susceptible
material, a H-rich environment and high stress is required for HE.

hydrogen can accumulate at lath interfaces [33]. Hydrogen can also accumulate along

prior austenite grain boundaries and produce intergranular failure [25]. Another material

related factor for HE susceptibility, which is tightly related to the microstructure, is

strength. Susceptibility generally increases with tensile strength. For instance, hydrogen

susceptibility in the form of loss of ductility due to hydrogen charging was found to

increase with strength in pipeline steel [34] and in steel fasteners [35].

The second category of factors affecting hydrogen embrittlement is the environment to

which the material is exposed. The magnitude and the mode of the hydrogen damage

depends on a number of factors. The degree of HE normally increases with the exposure

to hydrogen, but there could be a saturation value after which little increase in embrit-

tlement would take place [18]. The exposure could be in the form of H2 gas pressure

or current density during cathodic charging. The charging procedure is important be-

cause these techniques can induce some damage to the sample that affects the hydrogen

uptake. For instance, polished specimens have been reported to adsorb more hydrogen

than ground specimens during cathodic charging [36]. Another important environment

related variable is the temperature. Hydrogen diffusion rates increase with temperature

and tend to be several orders of magnitude greater in BCC metals than in FCC and HCP

metals. The diffusion coefficient of H in pure Fe samples almost free from dislocations

has been determined experimentally as D [m2/s] = 5.8× 10−8 exp
(
−4.5

[
kJmol−1

]
/RT

)
[37], where R and T are gas constant and the temperature, respectively. These values are

in agreement with diffusion coefficients reported in MD simulations [38]. For instance, at

300K the diffusion coefficient has been reported as 9.55×10−9m2/s and 8.96×10−9m2/s

from experiments and simulation, respectively. Even though H diffusion increases with

temperature, HE susceptibility as a function of temperature seems to depend on several

other factors, which often lead to a temperature window within which HE is more se-
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vere. The temperature at which HE susceptibility is the highest has been reported close

to room temperature and depends on factors such as microstructure, loading conditions

and hydrogen exposure [39]. HE is often limited at temperatures outside this tempera-

ture window, probably due to limited H transport at lower temperatures and limited H

trapping by defects at higher temperatures [40].

Finally, the third category is related to the load to which the material is subjected. As

expected, the stress must be sufficiently high for HE to occur, which can come from applied

or residual stresses. High stresses can also be achieved microscopically near defects (e.g.

plastic zone ahead of cracks or at dislocation cores). Strain rates in tensile tests also

affect the degree of embrittlement. The susceptibility of HE normally decreases as the

strain rate is increased. For instance, the extent of HE in martensitic steel was found to

decrease considerably when increasing the strain rate from 8.3×10−6 s−1 to 8.3×10−3 s−1

[41]. This difference was attributed to the insufficient time for hydrogen to accumulate

along prior austenite grain boundaries, preventing intergranular failure.

2.3 The hydrogen embrittlement process

While the underlying mechanisms of HE are still under debate, the following steps of the

embrittlement process must occur: 1) Hydrogen needs to be present within the material

in enough quantities to induce embrittlement, which can come from either internal or ex-

ternal sources. 2) Hydrogen has to be transported to regions near microstructural defects

(e.g. crack-tips and grain boundaries). 3) Hydrogen must somehow induce embrittlement

by interacting with these defects1.

Hydrogen leading to hydrogen embrittlement, that is, hydrogen supplied to the plastic

zone ahead of the crack-tip, can come from different sources. Depending whether these

sources are internal or external, hydrogen embrittlement can be classified into two cate-

gories, namely, Internal Hydrogen Assisted Cracking (IHAC) and Hydrogen Environment

Assisted Cracking (HEAC)2. In IHAC, hydrogen enters the metal during the manufac-

turing process. Some of the manufacturing operations that can lead to hydrogen uptake

are casting, welding, surface cleaning, electroplating and heat treatments. For instance,

hydrogen adsorption can occur during casting and welding due to the high temperatures

of these processes that provide enough energy to dissociate the water molecule, present

in the environment as moisture. Other internal hydrogen sources can also arise during

service due to cathodic protection via impressed current or sacrificial anodes. Hydro-

gen can also be produced as a by-product of the cathodic reaction during the corrosion

process, and can be absorbed into the metal. In HEAC, hydrogen comes from external

sources when combined with stress. External sources might come in the form of a pres-

1The possible mechanisms by which hydrogen induces embrittlement are discussed in section 2.4.
2IHEC and HEAC are also referred to as Internal Hydrogen Embrittlement (IHE) and Hydrogen-

Environment Embrittlement (HEE), respectively.
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surised hydrogen rich fluid in contact with a steel component, or as chemical reactions

(e.g. combustion) of products containing hydrogen. When atomic hydrogen is produced

at the crack surfaces near the crack-tip, it can be absorbed and diffuse to the plastic zone

ahead of the crack-tip, resulting in hydrogen damage.

Once hydrogen enters the parent metal, either by internal or external sources, transport

via diffusion to the plastic zone ahead of the crack-tip is required. Hydrogen diffusion

in ferrite can readily happen, due to its body-centred cubic crystalline structure which

allows for high diffusion coefficients (e.g. at 300K D ≈ 10−8m2/s [42]). The diffusion of

hydrogen in steel can be enhanced or reduced by the presence of microstructural defects,

as the ones shown in figure 2.1. Once sufficient hydrogen is present in the plastic zone

ahead of the crack-tip, embrittlement occurs. The exact mechanisms by which this occurs

are still unclear. Some of the proposed models relevant to steels are discussed next.

2.4 Relevant proposed mechanisms

A number of proposed mechanisms can be found in the literature, each of them with their

own supporting evidence and limitations. The mechanisms included in this review are

the Hydrogen-Enhanced Decohesion (HEDE), Hydrogen-Enhanced Localised Plasticity

(HELP) and Adsorption-Induced Dislocation Emission (AIDE) mechanisms.

2.4.1 Hydrogen-Enhanced Decohesion (HEDE)

The Hydrogen-Enhanced Decohesion model [3, 4, 43], shown in figure 2.3, proposes that

the presence of H atoms reduces the cohesive strength of the lattice, resulting in the sepa-

ration of the atomic planes. This separation becomes permanent once it reaches a critical

crack-tip-opening displacement, and takes place in sites where H atoms accumulate: at

crack-tips, areas of high hydrostatic stress (e.g. ahead of crack-tips), at particle-matrix

interfaces or grain boundaries. It has been suggested in the past that the weakening of the

interatomic bonds was due to the transfer of the hydrogen 1s electron to the 3d shell of

the iron [3], and was thought to shift the preference in failure mode from slip to cleavage.

The HEDE model is usually evoked to explain planar cleavage-like fracture surfaces in

which little plastic deformation is visible.
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Figure 2.3. Schematic representation of the HEDE mechanism. Hydrogen weakens in-
teratomic bonds and induces tensile separation of the atomic planes when
present in sufficient quantities e.g. i) regions ahead of the crack-tips, ii) at
crack-tips, and iii) at particle-matrix interfaces [18].

Direct experimental evidence of HEDE is difficult to obtain due to the lack of techniques

capable of detecting deformation events at the atomic scale in bulk material. Therefore,

the main sources of evidence for the HEDE mechanism come from atomistic simulations.

These simulations have shown that H can induce weakening of the interatomic bonds and

such weakening can lead to cleavage-like fracture when no slip plane is favourably ori-

ented [44, 45]. The reduction of the cohesive strength of grain boundaries with increasing

H exposure has also been reported from atomistic simulations [26]. Other atomistic stud-

ies have also shown decohesion of grain boundaries due to hydrogen and attribute it to the

stronger binding of H atoms with free surfaces compared to that of grain boundaries [46].

Furthermore, it is known that when impurities segregate to grain boundaries in steels,

integranular brittle fracture can occur [47]. When segregated to grain boundaries and

other interfaces, hydrogen (or the interplay of H with other impurities) could similarly

lead to embrittlement, although impurities can also arrest hydrogen transport along grain

boundaries.

For decohesion to occur, hydrogen atoms need to be present in sufficient quantities to

lower the cohesive strength of the material significantly. Whether or not achieving such

high concentrations is possible is up for debate. While the solubility of H in a perfect

crystal is low, it can be significantly higher where defects, functioning as trapping sites,

are present. The local H concentration in regions containing such defects could be very

high. For instance, computer simulations of iron have shown that elastic stress can reach

values of 20GPa in regions ahead of the crack-tip due to dislocation shielding effect [48]

Such stresses might be high enough for hydrogen to accumulate in sufficient quantities to

induce decohesion.

Brittle integranular fracture surfaces are normally attributed to the HEDE mechanism
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[25, 49, 50]. However, it is uncertain if hydrogen is the sole reason for such embrittlement

as other impurities, such as Mn, S, P and Si, are also often present at grain boundaries.

It has also been proposed that the interplay between H and other embrittlement agents

could lead to more severe reduction of the cohesive energy [51, 52]. Furthermore, it

has been suggested that dimples, small enough to be seen using the SEM and TEM

magnifications, can still be present in apparently featureless fractographs [25]. Therefore,

although planar fracture surfaces can be an indication of the HEDE mechanism being

operative, the presence of other mechanisms in which plasticity is involved cannot be

ruled out.

2.4.2 Hydrogen-Enhaced Localised Plasticity (HELP)

The Hydrogen-Enhanced Localised Plasticity mechanism [5, 6, 53] proposes that hydrogen

increases dislocation activity, leading to subcritical crack growth. A schematic diagram

of the HELP mechanism is shown in figure 2.4. Solute hydrogen accumulates ahead of

the crack-tip due to the high hydrostatic stresses found in that region. The presence of

hydrogen in high enough quantities results in enhanced dislocation motion and higher dis-

location densities, which leads to increased plastic deformation. The material is weakened

because less stress is needed to produce crack growth compared with the H-free scenario.

Crack growth takes place by a process of microvoid-coalescence which is why the HELP

mechanism is usually cited to explain crack surfaces with visible plastic deformation.

Figure 2.4. Schematic representation of the HELP mechanism. Solute H facilitates dislo-
cation activity in regions ahead of the crack-tip, allowing for subcritical crack
growth [18].

The central concept of HELP is that hydrogen can enhance dislocation activity. This

could happen by increasing the mobility of dislocations, by easing dislocation nucleation

or by reducing dislocation-dislocation interactions. Evidence supporting this hypothesis

can be found in the literature in different forms: elasticity theory calculations showing

shielding of dislocation interactions due to H [53]; in-situ transmission electron microscopy

(TEM) observations of increased dislocation mobility and reduced separation distance

between dislocation in pile-ups when exposed to H gas [7]; decrease of the flow stress and

modification of the slip characteristics on H charged bulk specimens during tensile tests

[54, 55], atomistic simulations showing a reduction of the core energy of dislocations when
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H is present [56]; and nanoidentation experiments showing a reversible reduction of the

pop-in load with H charging [57, 58].

Perhaps the main argument against the HELP model is that the loading conditions applied

to the samples used for the TEM observations used to conceive it are different from those

found when bulk material is deformed. The small thickness of the TEM samples (smaller

than 200 nm) will lead to two-dimensional stress states and the high fugacity produced

by H2 dissociation in the electron beam could result in other surface effects [25]. All these

artefacts could be responsible for the enhanced dislocation mobility, as opposed to the

H-dislocation core interaction.

While HELP is commonly used to explain the H effects listed above, the mechanisms

by which it does remain unclear. For instance, the TEM observations of enhanced dis-

location mobility were attributed to a shielding effect that hydrogen produces on the

repulsion of dislocations with other dislocations or other obstacles [6, 53]. Such shielding

was attributed to the volumetric strain and change in constitutive moduli produced by

interstitial H in Cottrell atmospheres [6, 59]. This claim, however, has been contradicted

by atomistic simulations of Fe showing that H Cottrell atmospheres on edge dislocations

reduce dislocation mobility and have no impact on the separation distance of dislocations

in pile-ups [60]. Furthermore, in-situ TEM nanocompression tests in Al have shown re-

duced dislocation mobility due to dislocation pinning with vacancies, which are stabilised

by the presence of H [61]. The contradictory evidence found in the literature might sug-

gest that the presence of H in the lattice normally leads to hardening, and that softening

occurs only under special circumstances. Finding the conditions under which the latter

occurs has proven challenging.

2.4.3 Adsortion-Induced Dislocation Emission (AIDE)

The Adsorption-Induced Dislocation Emission model [8, 18, 62] proposes that hydrogen

adsorbed on the crack-tip eases the nucleation of dislocations exactly from the crack-tip.

The slip planes of nucleated dislocations are oriented favourably to produce crack advance.

Figure 2.5 shows a schematic representation of this mechanism. For a H-free material,

the emission (nucleation and subsequent movement away) of dislocations from the crack-

tip requires the formation of both a dislocation core and a surface step, a process that

requires the shearing of surface atoms. Such re-arrangement requires interatomic bonds

to be broken and re-established, which in inert environments is difficult. Consequently,

crack advance takes place by the egress of dislocations nucleated at other sites in the

plastic zone. This egress would only lead to crack growth when it takes place exactly

at the crack-tip, which is unlikely. Most commonly, dislocations will egress behind the

crack-tip resulting in blunting, or contribute to the strain ahead of the crack-tip [62].

The AIDE mechanism proposes that hydrogen facilitates dislocation emission from the

crack-tip, which takes place alternatively on opposite slip planes bisecting the crack front
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Figure 2.5. Schematic representation of the AIDE mechanism [18]. Dislocation nucleation
from and movement away from the crack-tip is eased by hydrogen adsorbed
on the crack surfaces. Dislocation slip planes are shifted and produce crack
growth via microvoid-coalescence as opposed to blunting.

direction [62]. Furthermore, crack growth can be assisted by the formation of microvoids

ahead of the crack-tip due to the high stresses needed for dislocation emission. The

nucleation of voids at sites in the plastic zone such as slip-band intersections and second-

phase particles [18] can help to re-sharpen the crack.

As mentioned before, a requirement of the HELP mechanism is the diffusion of solute

hydrogen to areas of high hydrostatic stress ahead of the crack-tip. This process takes

time and might not be possible in cases where H diffusion is slow and crack advance is

fast. Under this circumstances, however, hydrogen embrittlement with ductile features

has been reported [63, 64], which suggests that the embrittlement could be happening

only on the surface.

The AIDE mechanism proposes that it is the hydrogen adsorbed on the crack surfaces

that is responsible for facilitating the nucleation of dislocations from the crack-tip, which

then leads to embrittlement due to slip planes being oriented favourably for crack growth

to occur [8, 65]. The most direct evidence supporting this claim comes from fractographic

observations of heavy dislocation activity and slip planes intersecting the crack path with

the presence of small dimples.

The main hypothesis of AIDE is that hydrogen adsorbed on crack surfaces can facilitate

the nucleation of dislocations from the crack-tip. For this process to occur, hydrogen

needs to accumulate on the surface crack-tip in sufficient amounts, which has been shown

to occur in different metals [66, 67]. Hydrogen molecules dissociate on metallic surfaces

(e.g. Fe, Ni and Ti) when exposed to hydrogen gas and occupy specific sites on the
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first surface layers due to a strong binding energy with these sites compared with bulk

interstitial sites. Furthermore, an important piece of evidence supporting the idea that

hydrogen embrittlement is related to adsorption of hydrogen on the crack surfaces is the

similarity of HE fracture surfaces with those produced by liquid metal embrittlement [62].

In both cases, dimpled fracture surfaces can be observed. For liquid metal embrittlement,

crack growth is rapid, so that only adsorption can take place (e.g. no diffusion to internal

trapping sites) [8, 62], which suggests that adsorption plays an important role in HE.

This evidence agrees with the fact that in scenarios where H diffusion is slow and crack

advance is fast, H diffusion to the crack-tip should not take place, which is required by

HELP. Nevertheless, localised plasticity on fracture surfaces have been reported under

this conditions, which indicates that AIDE might be operative [8, 62].

The range of possible HE mechanisms reflects both the range of alloys and environments

where HE is observed, and the difficulty in understanding the behaviour of this mobile

element. Given the range of materials and conditions at which HE has been reported, it

is possible that there is a spectrum of HE mechanisms, as opposed to a single one that

explains a certain set of experimental observations. The large number of controversial

findings might be an indications of the different mechanisms that can become operative

under certain circumstances. The key to understanding HE embrittlement might lie on

identifying the conditions under which each mechanism comes into play.
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Chapter 3

Molecular Dynamics Simulation

The goal of a computer simulation is to describe a well-defined physical system to ob-

tain relevant information about it. This is done by solving a mathematical model, and

depending on its complexity, phenomena occurring at different time and length scales,

ranging from the nanoscale to the macroscopic scale, can be studied. Some of the most

popular computer simulation methods in materials science are the finite element method,

the Monte Carlo method, molecular dynamics, and ab-initio methods. Each of them span

different length scales, as shown in figure 3.1, and have their own advantages and disad-

vantages. Their choice usually depends on the type of system of interest as well as the

desired level of accuracy and computational resource available. These simulation methods

are briefly discussed next.

3.1 Overview of computer simulation methods

The finite element method (FEM) is a method in which the simulation domain is divided

into small elements (finite elements) and local solutions of the differential equations de-

scribing the system are obtained numerically [68]. By combining individual solutions of

the finite elements, a global solution can be obtained. This method is useful for solv-

ing engineering problems related to elasticity, fracture, heat transfer, etc. While FEM

is widely used for design of engineering components, it might not be the most suitable

method for investigating hydrogen embrittlement mechanisms. Length scales of FEM are

in the macroscopic scale, reaching simulation domains as big as 102m, making it difficult

to study the interactions of hydrogen atoms with defects.

Monte Carlo (MC) methods are based on random sampling of probability distributions.

In an atomic system, the potential energy can be associated to a Boltzmann distribution,

in which states with lower potential energy have a higher probability of occurring. As

Monte Carlo methods rely on random sampling, the accuracy of the final result depends

significantly on the number of samples evaluated.
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The goal of MC simulations of atomic systems is to calculate the thermodynamics of the

system, which is done by direct evaluation of an ensemble average [69]. In the Metropo-

lis algorithm, atoms are moved from their initial configuration depending on the energy

change of the subsequent configuration. Lower energy configurations are accepted, while

those resulting in higher configurations are accepted with a probability ∆E/kBT . This

series of moves is repeated until equilibrium is achieved. The energy change associated

with a MC move can be calculated via a number of methods, depending on the sys-

tem. Interatomic potentials are commonly used, although ab-initio methods can also be

employed. The latter are particularly accurate when describing bond breaking and for-

mation. In an atomic system, the number of configurations that are likely to occur is very

small compared to the total number of possible configurations. Monte Carlo methods

use importance sampling to sample only those configurations that are likely to happen

and ignore those that are not. MC methods have typical length scales between 10−8

and 10−6m, which make them suitable for the study of microstructures. MC simulations

might be preferred over Molecular Dynamics simulations when changing the number of

particles is needed or when the problem studied is limited by high energy transition bar-

riers e.g. interdiffusion in metals. However, since they are based on random sampling,

they do not provide direct information regarding the dynamics of the system, although

some MC based methods such as kinetic Monte Carlo can be used to simulate the time

evolution of some processes by using as input a list of possible events and the rate at

which they occur. These methods are appealing because they span timescales beyond

those of Molecular Dynamics.

In molecular dynamics (MD), a system made of atoms, represented as solid particles

as opposed to electrons and nuclei, is simulated. This simplification allows the system

to be described by Newton’s equations of motion involving relatively simple differential

equations. Interatomic forces are described by interatomic potentials which are usually

obtained from experimental or ab-initio data. Once atomic interactions and initial posi-

tions and velocities are defined, the time evolution of the system can be predicted. MD

simulations allow to study systems in the nanoscale with typical time and length scales

ranging from 10−10 to 10−6 seconds and metres. The accuracy and applicability of MD

simulations greatly depend on the availability of suitable interatomic potentials, which is

usually a decisive factor when choosing MD over other simulation methods. Furthermore,

because electrons are disregarded in molecular dynamics, electromagnetic properties can-

not be studied. MD is discussed in greater detailed in the next section.

In first principles or ab-initio methods, nuclei and electrons are considered, which requires

the system to be described by quantum mechanics. These methods do not require external

parameters or fitted interatomic potentials and can describe with good accuracy structural

properties of materials. Furthermore, since nuclei and electrons are considered, electronic

and magnetic properties can also be obtained. Ab-initio methods involve solving difficult

partial differential equations which require great computational resource. For this reason,
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first principles calculations typically involve less than a thousand atoms.

3.2 Molecular Dynamics

Molecular dynamics (MD) is a computer simulation method in which the time evolution

of a system composed of a set of interacting particles (atoms or molecules) is predicted,

allowing us to obtain properties of interest. In this method, rather than considering atoms

as nuclei and electrons, they are treated as solid particles whose positions, velocities and

accelerations can be described by Newtonian mechanics. Accelerations are obtained from

instantaneous forces acting on each atom which are calculated from potential energy

functions. These functions, however, must be fitted to experimental or ab-initio data.

This simplification allows the system to be described by relatively simple differential

equations, allowing for simulations of systems significantly larger than those in first-

principles calculations. Figure 3.1 shows an overview of the most popular computer

simulation methods in terms of time and length scale. Classical molecular dynamics

stands between quantum mechanics and Monte Carlo methods. Molecular dynamics is the

preferred simulation method for systems containing more than a thousand atoms, when a

quantum treatment becomes computationally unfeasible, and can be used in simulations

of several million atoms. This number highly depends on the system being studied and

the computational resource available. MD simulations with systems consisting of billions

of atoms have been reported [70, 71] and will become more common as computers become

more powerful and MD software becomes more efficient.

Figure 3.1. Time and length scale of computer simulation methods [72].

MD simulations have been widely used in the field of materials science in the past few
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decades. One of the most useful applications of molecular dynamics is the study of the

properties of defective solids. Defects such as vacancies, interstitials, dislocations, grain

boundaries, interfaces and surfaces have been widely studied using MD simulations [73–

79]. Certain mechanisms involved in the dynamics of these defects (e.g. the formation of

Cottrell atmospheres [80] around dislocations) cannot be easily captured with experimen-

tal techniques, making molecular dynamics an attractive alternative. Failure of materials

is another area of interest that can be investigated using molecular dynamics. For in-

stance, in brittle materials, fast fracture can reach speeds in the order of 1,000m s−1 or

1 nmps−1 [81], which falls in the timescale of MD simulations. Molecular dynamics simu-

lations are also useful when studying the behaviour of materials under extreme conditions

(e.g. under high pressure, near absolute zero temperatures, high strain rates), that can

be difficult to achieve experimentally. Computer simulations are sometimes the only al-

ternative available when studying materials under these conditions. Properties obtained

from MD simulations correspond to conditions which differ from those of experimental

tests; thus, data obtained by MD simulations and experiments is not always comparable.

Nevertheless, MD simulations can be useful to complement experimental observations as

they provide insights on nanoscale processes that take place in the material and affect the

macroscopic deformation process.

The basic idea behind molecular dynamics simulations is to extract thermodynamic and

structural data from the system by predicting the motion of its atoms. A schematic

representation of the molecular dynamics method is presented in figure 3.2. A typical

simulation starts by setting up initial atomic positions and velocities, usually dictated by

the crystalline structure and temperature. These initial positions and velocities are only

set at the beginning of the simulation; for subsequent steps, they are completely dictated

by the interatomic forces and boundary conditions. Forces acting on each atom, directly

related to their accelerations, can be computed from the potential energy function which

is provided in the form of interatomic potentials (section 3.6). Using the equations of

motion (section 3.3) and numerical integration schemes (section 3.4) the positions of the

atoms are updated by a small step. Thermodynamic properties of interest are computed

from the collective behaviour of all atoms (section 3.7). If the desired number of steps

has been reached, then the simulation finishes; otherwise, new forces are computed and

the cycle starts again. These steps are discussed in greater detail in the next sections.

3.3 Molecular Dynamics Formulation

As mentioned above, atoms in molecular dynamics are represented as hard spheres which

obey Newtonian mechanics. Each particle is characterised by their position ri and velocity

vi. The total energy of the system is the sum of the kinetic and potential energies

H = K + U (3.1)
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Simulation start

Set initial atomic positions
ri and velocities vi

Compute forces on atoms Fi = −∇U(r)

Advance positions and velocities by ∆t using Fi = mai

Compute energies and thermo-
dynamic properties e.g. K, T , P

Save properties of interest

Total steps
reached?

Simulation finish

no

yes

Figure 3.2. Main steps in molecular dynamics simulation.

where H is the total energy of the system (also referred to as the Hamiltonian), K is the

kinetic energy and U is the potential energy. K is a function of all N particles

K =
1

2

N∑
i=1

miv
2
i (3.2)

where mi and vi are respectively the mass and velocity of the atom i, and U is the sum

of the potential energy of every particle in the system, which depends on the position of

itself and all other particles in the system1, that is

1In equation (3.3), Ui(r) is a function of all N atoms of the system. In practice this term is approxi-
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U(r) =
N∑
i=1

Ui(r) (3.3)

In classical mechanics, all particles follow Newton’s second law Fi = miai, where Fi, mi

and ai are respectively the force, mass and acceleration for each particle in the system.

For an isolated system, the equation of motion of the system is

mi
d2ri
dt2

= −dU(r)
dri

(3.4)

Equation (3.4) represents a system of partial differential equations corresponding to an

N-body problem for which no exact solution exists for N > 2. However, this equation

can be solved numerically by discretising equations in time. Common integration schemes

used to solve equation (3.4) are discussed in the next section.

3.4 Numerical integration of equations of motion

The potential energy function U(r) in equation (3.4) is a function of the position of

all atoms, N . Because the atomic position is defined by 3 coordinates, U(r) depends

upon 3N variables, making its analytical solution impossible for systems with N > 2.

However, if the initial positions, velocities and accelerations are known, it is possible

to integrate the equations of motion numerically by replacing differentials with finite

differences. While there is a wide range of integration schemes available, most modern

molecular dynamics codes only implement a few of them. Due to stability, performance

and accuracy considerations, the most prominent schemes are based on Taylor series

expansions [72]. For instance, the position at a later time t + ∆t can be approximated

from the position at time t in a Taylor series expansion

ri(t+∆t) = ri(t) + v(t)∆t+
1

2!
ai(t)∆t

2 +
d3ri(t)

3!dt3
∆t3 + ... (3.5)

where ∆t is a sufficiently small timestep. The accuracy of the Taylor expansion increases

as more terms are included in the polynomial. However, this also introduces more de-

manding calculations, so that truncation of higher order terms is needed. Integration

schemes implemented in MD codes, attempt to increase the efficiency while keeping the

errors introduced by the algorithm low. The most widely used methods are discussed

next.

mated using pair or manybody interatomic potentials, as discussed in section 3.6.
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3.4.1 Verlet algorithm

The Verlet integration scheme [82], also known as the Verlet central differential scheme,

is one of the most prominent in MD simulations. It is simple and inexpensive, while

achieving high accuracy and stability [72]. The Verlet integration scheme is obtained

from the forward and backwards Taylor expansion of the positions in time

ri(t+∆t) = ri(t) + vi(t)∆t+
1

2!
ai(t)∆t

2 +
d3ri(t)

3!dt3
∆t3 +O(∆t4) (3.6)

and

ri(t−∆t) = ri(t)− vi(t)∆t+
1

2!
ai(t)∆t

2 − d3ri(t)

3!dt3
∆t3 +O(∆t4) (3.7)

where O(∆t4) are fourth order terms. Adding equation (3.6) and (3.7), the basic form of

the Verlet algorithm is obtained

ri(t+∆t) = 2ri(t)− ri(t−∆t) + ai(t)∆t
2 +O(∆t4) (3.8)

The Verlet algoritm is a second order method as truncation takes place from third order

terms; however, only 4th order truncation errors for the position remain, making it both

efficient and accurate.

While the Verlet algorithm is overall a good and inexpensive integration scheme, there

are a couple of inherent issues that should be noted. This algorithm requires the current

positions ri and the positions from the step before r(t−∆t), which are undefined at the

beginning of the simulation. This problem can be circumvented by using a normal Taylor

series expansion for the first step. A more significant issue is that, as can be seen from

equation (3.8), the velocity is not explicitly calculated. While this is not an issue for

the prediction of the time evolution of the system, velocities are needed to calculate the

kinetic energy, equation (3.2), and thermodynamic quantities depending on it. Velocities

can be calculated indirectly by subtracting equation (3.7) from (3.6)

vi(t) =
ri(t+∆t)− ri(t−∆t)

2∆t
(3.9)

The resulting truncation error is O(∆t2) as opposed to O(∆t4) [72]. When accuracy in

the velocity computation is needed, integration schemes in which velocities are explicitly

calculated, such as Velocity Verlet, might be preferred.
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3.4.2 Velocity Verlet algorithm

This algorithm is the most commonly implemented in most MD codes. In this method,

positions, velocities and accelerations are calculated explicitly at any given time t + ∆t.

The Velocity Verlet scheme consists on the following steps [83]

1. Compute ri at t+∆t

ri(t+∆t) = ri(t) + vi(t)∆t+
1

2!
ai(t)∆t

2 (3.10)

2. Evaluate the acceleration at t+∆t

ai(t+∆t) = − 1

mi

dU [r(t+∆t)]

dt
(3.11)

3. Compute velocities at t+∆t

vi(t+∆t) = vi(t) +
ai(t) + ai(∆t)

2
∆t (3.12)

With the positions, velocities and accelerations for the new step t+∆t known, the algo-

rithm can be repeated for subsequent steps. Equations (3.10) through (3.12) show that

the Velocity Verlet scheme is self-starting and computes the velocities explicitly. Velocity

Verlet is simple, efficient and generates the same trajectories as the original Verlet (in

absence of roundoff errors), which explains its prominence in MD simulations.

3.4.3 Predictor-Corrector algorithm

The predictor-corrector algorithm [84] uses higher order terms in the Taylor series expan-

sion of the position. It is widely used because of its high accuracy which is obtained from

a correction step that uses the data from the previous step. This scheme consists of the

following steps

1. Predictor : Positions, velocities and accelerations at time t+∆t are predicted using

Taylor series expansions

rpre(t+∆t) = ri(t) + vi(t)∆t+
1

2!
ai(t)∆t

2 +
d3ri(t)

3!dt3
∆t3 +O(∆t4) (3.13)

vpre(t+∆t) = vi(t) + ai(t)∆t+
1

2!

d3ri(t)

dt3
∆t2 +O(∆t3) (3.14)

apre(t+∆t) = ai(t) +
d3ri(t)

dt3
∆t+

1

2!

d4ri(t)

dt4
∆t2 +O(∆t3) (3.15)
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2. Error evaluation: Forces are computed at t+∆t from the gradient of the potential

energy at the predicted new positions. The resulting acceleration ai(t + ∆t) is

compared with the acceleration predicted in the predictor stage apre(t + ∆t). An

error ∆ai(t+∆t) is calculated from the difference between these two accelerations

∆ai(t+∆t) = ai(t+∆t)− apre(t+∆t) (3.16)

3. Corrector : Assuming that the errors for the positions and the velocities are both

small, they can be considered to be proportional to each other and the acceleration

error. Corrected positions and velocity can be then calculated

rcor(t+∆t) = rpre + c0∆ai(t+∆t) (3.17)

vcor(t+∆t) = vpre + c1∆ai(t+∆t) (3.18)

The constants c0 and c1 range from 0 to 1, and depend on the number of terms

included in the Taylor series expansion. While this integration scheme is highly

accurate and stable, it is not time reversible because of the applied corrections [72].

Furthermore, this method requires more memory than the Velocity Verlet scheme,

as more quantities need to be stored.

3.4.4 Timesteps in MD simulations

When using any of the integration schemes discussed above, it is critical to ensure that

the timestep ∆t is small enough to preserve the accuracy of the run. Small timesteps

result in heavy computational burden, so it is important to select an optimal value that

minimises errors and allows useful simulation sizes and times. The timestep should be

small enough to capture the fastest motion of the system, typically in the form of atomic

vibrations, whose periods are of the order of 10−12 s. The timesteps needed to integrate

the equations of motion depend on the integration scheme. For instance, Verlet integra-

tion usually requires 50 timesteps per vibrational period [69], resulting in timesteps of

10−14 to 10−15 s. The selection of the timestep depends on a number of factors, such as

the atomic species in the system, the temperature, the interatomic potential and the type

of simulation performed. Light atoms, such as hydrogen, at high temperature normally

require timesteps as small as 10−16 s, which poses a great challenge when studying hydro-

gen related phenomena. For instance, with a timestep of 10−16 s, a single nano second of

simulation, would require 107 steps.

24



Newcastle University SoE

The inherently small timesteps of MD simulations is one of their main limitations. Accel-

erated molecular dynamics methods attempt to extend the timescales of MD simulations,

while retaining full atomistic accuracy [85]. These methods rely on different techniques,

such as adaptive timesteps [86] and temperature accelerated dynamics [87], to increase the

accessible timescales. While these techniques are promising, currently they have limited

application.

3.5 Thermodynamic Ensembles

In MD simulations there are different ensembles, that is, ways in which the motion of the

atoms can be synchronised to produce a system with a set of thermodynamic properties.

Various thermodynamic ensembles are presented in table 3.1. The integration of the

equations of motion discussed in section 3.3 will result in the microcanonical ensemble, in

which the number of particles N , the volume V and the total energy E are held constant.

This ensemble represents an isolated system in which no mass or energy exchange occurs.

Often, temperature and pressure control are desired, so that other ensembles such as the

canonical and isobaric-isothermal ensemble are preferred. Thermostatting (temperature

control) is achieved by using algorithms that modify the equations of motion to produce

ensembles that mimic the effect of a heat bath, such as the Nosé-Hoover thermostat

[88, 89] or the Berendsen [90]. Similarly, barostatting (pressure control), is achieved

by adjusting simulation box dynamically, which is done using algorithms such as the

Parrinello–Rahman [91]. In the grand canonical ensemble, the chemical potential is fixed.

This ensemble is equivalent to having, in addition to a heat bath, a particle reservoir

which the system can exchange particles with.

Ensemble name Fixed Variables Remarks
Microcanonical N, V,E Isolated system
Canonical N, V, T Heat bath
Isobaric-isothermal N,P, T Heat bath + pressure control
Grand canonical µ, V, T Heat bath + particle reservoir

Table 3.1. Thermodynamic ensembles.

3.6 Interatomic Potentials

In molecular dynamics, the information describing how atoms interact with each other

(repulsion and attraction) is contained in the interatomic potential. Interatomic potentials

give numerical or analytical expressions for the potential energy landscape of the system.

This potential energy landscape is present in the equations of motion in the force term in

equation (3.4). It is paramount that interatomic potentials are accurate for the system

and problem that is being studied in order to extract meaningful results. To achieve this,

several approaches in describing the potential energy have been used, each of them with
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their own strong and weak points. In this section, some of the most prominent interatomic

potential styles in describing solids will be reviewed.

The potential energy of the system is a function of all N atoms in the system, and can

be approximated by a many-body expansion [69]

U(r1, r2, ..., rN) =
N∑
i=1

v1(ri) +
1

2

N∑
i=1

N∑′

j=1

ϕij(ri, rj) +
1

6

N∑
i=1

N∑
j=1

N∑′

k=1

v3(ri, rj, rk) + ...,

(3.19)

where ′ indicates the exclusion of the terms in which i = j and i = j = k. The first

term in equation (3.19) represents the contribution of external fields (e.g. a gravitational

field) in the potential energy. The second term represents the interaction between pairs

of atoms. ϕij(ri, rj) is referred to as a pair potential as it is a function of the distance

|ri − rj| between two atoms. This term is usually the main contribution to the potential

energy and for some materials (such as rare gas solids), pair potentials are sufficiently

accurate to describe the potential energy landscape. An example of pair potentials is

the Lennard-Jones potential [92], which is discussed in section 3.6.1. The third term in

equation (3.19), describes the 3-body interactions v3(ri, rj, rk), that is, the interaction

between triplets of atoms. Interactions involving more than two atoms are called many-

body interactions. These interactions are often needed to describe more complex bonding

such as the ones found in metals and covalent solids. Some of the most commonly used

many-body potentials in solids, such as the EAM and Tersoff are discussed in section 3.6.2.

3.6.1 Pair potentials

In a pair potential, the potential energy is given by

U =
1

2

N∑
i=1

N∑′

j=1

ϕij(ri, rj) (3.20)

The factor 1
2
eliminates the double count of the bonds. The function ϕij(ri, rj) can take

different forms, but the simplest representation is by the Lennard-Jones potential [92].

This potential, shown schematically in figure 3.3, is defined as

ϕij(r) = 4ϵ

[(σ
r

)12

−
(σ
r

)6
]

(3.21)

where r is the distance between the two atoms. The first and second term are repulsive

and attractive contributions, respectively. Long-range interactions are attractive and
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proportional to 1/r6. At long distances the attractive term dominates as short-range

interactions decay with 1/r12. Conversely, the repulsive term dominates at short distances,

when r is smaller than the equilibrium distance (at which dϕ/dr = 0). The Lennard-

Jones potential is characterised by two parameters, σ and ϵ. The former is the distance

at which the potential energy is zero ϕ(σ) = 0, and the latter is referred to as the

well depth, the energy at the equilibrium distance. While the Lennard-Jones potential

describes atomic interactions in rare gas solids reasonably accurately, it is unsuitable for

most solid materials. Other pair potentials (e.g. Morse [93], Born-Mayer [94], etc.) might

be more accurate than the Lennard-Jones potential for some systems. However, in order

to accurately represent materials such as metals and covalent crystals, the inclusion of

many-body contributions in the potential energy is needed. Some prominent many-body

potentials are discussed next.
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Figure 3.3. Example of a distance (r) versus potential energy (ϕ) curve for a Lennard-
Jones potential. Fitted parameters for Ar [95]: σ = 0.34 Å and ϵ = 10.4meV.

3.6.2 Many-body potentials

One great limitation of pair potentials is that they cannot account for complex situations

in which the strength of the interactions is affected by the local environment (e.g. at sur-

faces or near defects). To accurately describe such scenarios, it is necessary to capture the

dependence of the bond strength as a function of all nearby atoms. Many-body potentials

attempt to achieve this in different ways such as taking into account the electronic gas

density in metals or the directionality of bonds in covalent solids. Different approaches

have been adopted depending on the material. Embedded-atom method potentials are a

popular choice for metallic systems, whereas Tersoff and other bond order potentials are

preferred when modelling covalent solids. The most widely used many-body potentials

relevant to steels are discussed next.

27



Newcastle University SoE

Embedded-atom method potentials

When it comes to describing metals, one of the most used potentials is the Embedded-

atom method potential [10, 96] (EAM). EAM potentials are more accurate than pair

potentials because they take into account the effect of local environment on the potential

energy. They do it by including a term describing the local electron density, a function

that depends on neighbouring atoms. The general form of this potential is

U =
∑
i

Fi

[∑
j ̸=i

fij(rij)

]
+

1

2

N∑
i=1

N∑′

j=1

ϕij(ri, rj) (3.22)

where ϕij is a pair potential, fij(rij) is an arbitrary function of the interatomic distance

representing the electron density and Fi is a functional of a sum of functions fij depending

on local positions. In the original formulation of the EAM potential [10], Fi, also referred

to as the embedding function, represents the energy needed to embed the atom i in an

uniform electron gas of density ρ̄i

U =
∑
i

Fi(ρ̄i) +
1

2

N∑
i=1

N∑′

j=1

ϕij(ri, rj) (3.23)

ρ̄i was chosen to represent the local electronic density evaluated at the position of the

atom i, which is defined as the sum of the electronic density contributions of neighbouring

atoms, that is

ρ̄i =
∑
j ̸=i

ρj(rij) (3.24)

The choice of the three functions F , ρ̄ and ϕ in equation (3.23) depends on each model of

the interatomic potential. For instance, if the embedding function F is chosen to be of the

form F (ρ̄i) = −A√ρ̄i, the interatomic potential becomes the Finnis-Sinclair potential [97].

Embedded-atom method potentials are very useful in describing metals, as the embedding

function is a good approximation of the metallic bond. Consequently, EAM potentials

can reproduce elastic properties considerably more accurately than pair potentials, and

are also good at describing defects in the crystal. EAM potentials, however, become more

limited when describing multicomponent systems or angular bonds present in covalent

solids. Modified embedded-atom method (MEAM) potentials [98] attempt to solve this

issue by including angular dependence in the electronic density function ρj. MEAM

potentials have been widely used to model multi-component alloys and covalent materials.

Due to its simplicity and relatively low computational cost, EAM potentials remain among

the preferred choices when modelling transition metal systems. Fe is generally well de-
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scribed by this type of potentials and its use extends to binary systems such as the

Fe-C [99], Fe-H [13], Fe-Cr [100], among others. Ternary alloys systems, though also

available, are usually challenging to reproduce with EAM potentials. Other approaches,

such as bond-order potentials, might be preferred. Some of the bond-order potentials

relevant to the Fe-C system are discussed next.

Bond-order potentials

Similarly to EAM potentials, bond-order potentials attempt to capture the dependence of

the potential energy on the local environment of the atoms. However, instead of doing it

via the electron density, bond-order potentials do it by considering the local coordination

and bond angles [101]. The total potential energy of the system can be written as the

sum of the energy of its atoms or as the sum of the energy of all the bonds [102, 103]:

U =
∑
i

Ei =
1

2

∑
i ̸=j

Vij (3.25)

where

Vij = fc(rij) [VR(rij) + bijVA(rij)] (3.26)

In equation (3.26), fc is a cut-off function and VR and VA are repulsive and attractive

interactions, respectively. The strength of the bond is included in the bond-order param-

eter bij and its form is defined by the model, but usually includes the effect of nearest

neighbours on the bond strength (the strength of a covalent bond reduces with the coor-

dination since the valence electrons are shared between more bonds). The choice of b is

rather arbitrary, for instance, in the original bond-order potential formulation by Abell

[102], the atomic energy was given by

Ei =
1

2

ZI∑
j=1

[
ae−αr − c

Z1/2
e−γr

]
(3.27)

where VR = eαr and VA = −e−γr. The bond order parameter is b = c/Z1/2, where Z is

the number of nearest-neighbour atoms. Higher values of Z indicate higher numbers of

neighbours, representing higher coordination. In that case, the bond order b decreases

and so do the attractive interactions.

A variation of bond-order potentials that has been successful in describing covalent solids

with relative simplicity is the Tersoff potential [103]. In this potential, the bond order,

aside from being a function of the coordination, is also a function of the angles of the
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bonds with neighbouring atoms. In the Tersoff treatment of bond-order potentials, the

bond order bij is given by

bij = b(ψij) (3.28)

where ψ is a function of the coordination and the angle between atoms. The analytical

form of ψ can include as many terms as required and it is usually more complex than

the approach proposed by Abell [102]. The increase in the complexity of the bond-order

term allows Tersoff potentials to be applicable to a wide range of materials. While they

were originally developed for Si and C, they are capable of describing several binary and

ternary systems, including the Fe–C system. Tersoff potentials are an alternative to EAM

potentials when simulating steels. They offer a more accurate description of cementite

[104], Fe3C than EAM and have even been used to study austenitic steels [105].

Another type of bond-order potential is the reactive (ReaxFF) potential. This type of

potential attempts to describe the transition energies during chemical reactions without

the need to rely on quantum treatments. The ReaxFF potential [106] is one of the most

prominent approaches to reactive potentials. In the ReaxFF potentials bonded and non-

bonded interactions are taken into account. For bonded interactions, the bond length is a

function of the bond-order, so that transitions between single, double and triple bonded

interactions can be accurately modelled. The general form of the energy in the ReaxFF

potential is

Usystem = Ubond +Uover +Uunder +Uval +Upen +Utor +Uconj +UvdWaals +UCoulomb (3.29)

The terms in the right-hand side of the equation are the covalent, over-coordination

penalty, under-coordination stability, valence angle, angle penalty, torsion angle, conjuga-

tion energy, non-bonded van der Waals, and Coulomb energies, respectively. ReaxFF is a

bond-order potential as the bonded interactions depend on the bond-order, a continuous

function of the distance between atoms participating in bonds [107].

BOij = BOπ
ij +BOσ

ij +BOππ
ij (3.30)

where BOπ
ij, BO

σ
ij and BOππ

ij are contributions from sigma, pi and double pi bonds,

respectively. With this treatment all bonded interactions depend on the local bond state

of the atom and can be removed when non-bonded interactions exist.

To equilibrate charges, ReaxFF potentials use the Charge Equilibration method QEq

[108], a geometry dependant charge calculation scheme. QEq can calculate the effect of
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polarization and appearance of partial charges in molecules as they change their shape.

Because ReaxFF potentials include in their definition of the potential energy all these

different types of bonded and non-bonded contributions, with adequate parametrisation,

they can be used in practically any system. The original ReaxFF force field was first

used to study reactions in hydrocarbons [106], but its use has extended to other sys-

tems, such as metallic [109], metal hydrate [11] and carbide [110] systems. Furthermore,

ReaxFF potentials for hydrogen embrittlement are starting to appear [12]. They can be-

come important when investigating this phenomenon (e.g. hydrogen bubble formation,

HE of cementite, etc.). However, the main limitation of this potential lies in the high

computational cost required to compute so many different types of interaction. While the

empirical approach of the ReaxFF potential is much faster than ab-initio methods, they

tend to be significantly slower than EAM and Tersoff potentials, and use considerably

more memory. For that reason, ReaxFF simulations involving millions of atoms with

timescales of nanoseconds, though possible, are rare.

3.7 Property Calculation

One important aspect of MD simulations is the calculation of averaged macroscopic quan-

tities, such as temperature and pressure, from instantaneous microscopic ones, such as

atomic velocities. A macrostate may be defined by a given number of atoms N , a tem-

perature T and a volume V . While these variables completely define the thermodynamic

state of the system, there are multiple microstates (arrangements of positions and atomic

velocities) corresponding to that thermodynamic state. Depending on their energy, some

microstates are more probable than others, so that their weighted average results in the

macrostate of the system. For macroscopic thermodynamic quantities to be calculated,

it is necessary to compute their ensemble average, that is, to average them over multiple

configurations. Averaging quantities in this way would require us to know all the possible

microstates of the system, which is very difficult. Alternatively, quantities can be averaged

over time. In this case, all is needed is to take a number of samples of the desired quantity

and divide the total by the number of samples, assuming the number of samples is large

enough to represent the system. In order to use the more convenient second approach,

Ergodicity is assumed. The Ergodic hypothesis states that ensemble averages and time

average of a property are equivalent [81], that is

⟨A⟩ensemble = ⟨A⟩Time (3.31)

where the ⟨A⟩ denote the average of the quantity A. The link between macroscopic and

microscopic properties in MD simulations is possible thanks to this assumption.
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Macroscopic properties, useful to extract meaningful conclusions from atomistic data,

can be extracted from MD simulations. The way in which some relevant properties are

computed is briefly presented next.

3.7.1 Temperature

Temperature is related to the kinetic energy of all atoms. As discussed above, properties

whose value depend on the collective behaviour of all the atoms in the system, need to be

averaged. Therefore, there is no instantaneous temperature, but rather an average tem-

perature computed from the average kinetic energy of the system [69]. This temperature

can be calculated as

⟨T ⟩ = 2

3

⟨K⟩
NkB

(3.32)

where ⟨K⟩ is the average kinetic energy, N is the number of atoms and kB is the Boltzmann

constant.

3.7.2 Pressure

The average pressure of the system2 is given by

⟨P ⟩ = NkB
V

⟨T ⟩ − 1

3V

〈
N∑
i=1

N∑
j>1

rij
dϕ

drij

〉
(3.33)

where ⟨T ⟩ is the temperature calculated as in equation (3.32), V is the volume occupied

by the atoms, rij is the distance between the atoms i and j, and ϕ is the potential energy

function. The first term in equation (3.33), represents the contribution of the particle

collisions with the wall of the container. The second term represents the contribution of

the interatomic forces.

3.7.3 Mean-square displacement

The mean-square displacement (MSD) is a measure of the distance that a group of atoms

travels over some time interval. It can be calculated as

MSD =
1

N

N∑
i=1

|ri(t)− ri(0)|2 =
〈
|ri(t)− ri(0)|2

〉
(3.34)

2The pressure computed by equation (3.33) corresponds to that of a pair potential. Similar expressions
for other types of interatomic potentials exist. In general, the pressure can be computed as ⟨P ⟩ =
Nkb

V ⟨T ⟩ − 1
3V

〈∑N
i=1 ri · ∇iU

〉
.
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The mean-square displacement is useful for a number of reasons. For instance, sudden

variations in the mean-square displacement are indicative of melting, phase transitions

and plastic deformation. Furthermore, it is particularly useful when studying diffusion as

the MSD is related to the diffusion coefficient by

D =
1

6

⟨|ri(t)− ri(0)|2⟩
t

(3.35)

For small systems, the MSD will fluctuate considerably due to the small number of atoms

over which the MSD is averaged. For accurate diffusion coefficient calculations, the dif-

fusing species must be present in large enough quantities.

3.7.4 Coefficient of thermal expansion

Since the coefficient of thermal expansion is a measure of the change in volume with

temperature, at constant pressure, it can be calculated from the change in the simulation

box as the temperature is changed. That is

αp =
1

V

(
∂V

∂T

)
P

(3.36)

3.7.5 Radial distribution function

The radial distribution function (RDF) gives an indication of how particles are distributed

around a certain atom compared to that of a random distribution. It measures the

probability g(r) of finding another particle at a distance r [72]. The radial distribution

function is given by

g(r) =
V

N

⟨N(r,∆r)⟩
4πr2∆r

(3.37)

where r is the radial distance, ⟨N(r,∆r)⟩ is the time average of the number of atoms in

a shell volume of 4πr2 between r and ∆r.
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3.8 Molecular Dynamics Simulations of Hydrogen Em-

brittlement

Molecular dynamics simulation is a valuable resource to investigate hydrogen embrittle-

ment. Early simulations were successfully used to investigate the adverse effects of hydro-

gen on the mechanical properties of metals, despite the limited computational capabilities

available then. For instance, MD simulations using embedded-atom method potentials

captured the effect of H on the cohesive strength of the Ni lattice, proving the viability

of the HEDE mechanism [44, 45]. More recently, decohesion in different materials have

been extensively studied using molecular dynamics simulations [76, 111].

MD simulations have been used to understand the behaviour of hydrogen around lattice

defects such as point defects [38], dislocations [112] and grain boundaries [113]. They

have also been used to study the effect of H on the tensile strength of materials [114,

115]. However, due to the inherent differences between simulations and experiments (e.g.

time and length scale, perfect versus defective material, etc.), stress-strain data obtained

via MD simulations are difficult to correlate to experimental data, so care must be taken

when designing meaningful simulations.

When designed carefully, the intrinsic limitations of molecular dynamics can be circum-

vented and specific scenarios can be studied. Meaningful insights into hydrogen em-

brittlement can be gained if MD simulations are used to test concepts proposed by HE

models (e.g. HEDE, HELP and AIDE). For instance, HELP related phenomena have

been studied using molecular dynamics simulations, testing the behaviour of hydrogen

around dislocations and its ability to increase dislocation mobility and density [60].

Aside from probing concepts proposed by HE models, MD simulations have also helped to

support different HE mechanisms. An example of this is the ductile-to-brittle transition

mechanism due to H proposed by Song and Curtin [14]. In this mechanism the role of H

around the crack-tip is to impede the emission of dislocations from the crack-tip, leaving

cleavage as the only stress relieving mechanism. Furthermore, mechanisms involved during

other stages of the hydrogen embrittlement process have also been proposed from atomistic

simulations. For instance, H transport to the plastic zone ahead of the crack-tip via

dislocations dragging vacancy–hydrogen clusters have been proposed [116].

Finally, more recent approaches to modelling interatomic potentials, such as reactive and

machine learning potentials [117], are promising candidates to increase the applicability

of MD simulations. ReaxFF potentials offer a combination of the accuracy of quantum

mechanical treatments and the performance of classical ones. ReaxFF potentials are ver-

satile and can be adapted to study a variety of systems. Machine learning potentials

offer an alternative to the exhaustive task of creating a model for interatomic forces. In-

teratomic potentials are usually fitted to computationally demanding DFT calculations,

and are rarely available for multi-component systems. Machine learning interatomic po-
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tentials attempt to accurately predict the energy landscape of the system via numerical

interpolation of reference data [117]. The physics of the system might or might not be

considered. The accuracy of machine learning potentials has increased considerably in

the past years, and being a thriving research field, they are expected to improve.
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Chapter 4

Atomistic Simulations of Tensile Test

on Iron and Ferrite

Steels are widely used engineering materials and have been extensively researched. Their

ability to drastically change their mechanical properties through alloying and processing

makes them suitable for most engineering tasks. In the past decades, the field of compu-

tational materials science has advanced significantly, and has provided valuable insights

of the deformation process of different materials. Plasticity, fracture, hydrogen embrittle-

ment and solid solution strengthening are some of the topics that have been studied using

atomistic simulations [24, 74, 118, 119]. Ferrite (the solid solution of carbon in body-

centred cubic Fe), cementite (the iron carbide Fe3C) and pearlite (the lamellar mixture

of ferrite and cementite) are the microstructural constituents that can be found in an-

nealed unalloyed steels. Classic molecular dynamics (MD) and density functional theory

calculations (DFT) involving pearlite have been reported in the literature [78, 120, 121].

However, it seems that C solutes have been neglected from the ferrite lamellae, due to

their relatively low concentration (< 0.008wt.%).

It is known that interstitial atoms have a great influence on the mechanical properties of

steels and other alloys. Due to their ability to pin dislocations and increase the resistance

to slip, C interstitials have significant strengthening effects in Fe. MD simulations have

been used to study the effect of interstitials on the dislocation glide in Fe [74], showing

that C interstitials provide greater strengthening effects than other elements (e.g. Cu and

Ni). While previous MD studies have reported the strengthening effects of C in Fe, their

influence on the tensile behaviour has not been investigated.

There are several factors that affect the mechanical properties of single crystals, and the

crystallographic direction is one of the most important. The strength of Fe whiskers

has been investigated experimentally [122], and the [1 1 1] direction was found to be the

strongest with a strength of 13.4GPa. In that work, the maximum recorded stress was

found to increase as the diameter of the whiskers was reduced.
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The dependence of the strength on the crystal orientation and cross-sectional area has

also been studied via MD simulations for α-Fe whiskers [123, 124]. The crystallographic

directions with the highest strength were the [1 1 1] and [1 1 0] directions with 27.2GPa and

22.7GPa, respectively, both of them failing due to dislocation slip. For both experiments

and simulations, the measured strength of the whiskers was sensitive to the dimensions

of the sample.

The third significant factor that affects results of tensile tests is the strain rate, ε̇. In

MD simulations, due to the inherent timescale of the method, strain rates are several

orders of magnitude greater than those in used in experimental testing. Furthermore,

experimental strain rates cannot be directly compared to those in MD simulations because

the former arise from the average dislocation velocity and control the contact time of

dislocations with obstacles, whereas the latter describe the fluctuations in velocity of

individual dislocations [125].

As reported in molecular dynamics and dislocation dynamics simulations, increasing the

strain rate leads to a stress overshoot caused by delayed dislocation propagation [126–

128].

In this work, MD simulations of tensile tests on BCC Fe and ferrite have been carried out

in order to estimate the strengthening effects of C atoms. The influence of the strain rate

in the C strengthening has also been investigated.

4.1 Simulation Methodology

4.1.1 Ferrite supercell

The solubility of C in α-Fe increases with temperature up to 727 ◦C, where the maximum

solubility of 0.025wt.% is reached. At room temperature, the commonly accepted values

for C solubility in α-Fe is 0.008wt.%. Due to the small concentration of C at room

temperature, the lattice parameter of ferrite is usually taken equal to that of α-Fe.

The α-Fe unit cell shown in figure 4.1 with a lattice parameter a = 0.2856 nm [129] was

used to build a ferrite unit cell. This unit cell was repeated to create a 21×21×21 supercell,

and C atoms were added in the 6bWyckoff positions. The resulting ferrite unit cell, shown

in figure 4.2, has a carbon content of 0.0069wt.%, which is a good approximation to the

room temperature value.

The ferrite unit cell shown in figure 4.2 was used to create a 5 × 5 × 5 ferrite supercell

(approximately 30× 30×30 nm) for simulations with three periodic boundary conditions

(bulk configuration) and a 2× 2× 4 supercell (12× 12× 24 nm) for simulations with two

non-periodic boundary conditions (nanowhisker configuration). In the former case, edge

effects of surfaces are eliminated, allowing the study of bulk properties while in the latter

case periodic boundary conditions were imposed only in the z direction, which is the
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Figure 4.1. α-Fe unit cell: a = 0.2856 nm, space group Im3̄m (229).

Figure 4.2. Ferrite unit cell: carbon atoms (red) occupy octahedral sites (Wyckoff 6b).

loading direction; in the other two directions the atoms were allowed to move freely. This

type of boundary condition allows us to capture the interactions between dislocations and

sample surfaces. The corresponding α-Fe supercells were made by removing the carbon

atoms from the ferrite supercells.

4.1.2 Simulation setup

Molecular dynamics simulations have been performed using LAMMPS, the Large-scale

Atomic/Molecular Massively Parallel Simulator [130] (http://lammps.sandia.gov). The

interatomic potential used was the embedded-atom method (EAM) form developed by

Hepburn and Ackland [99]. This potential describes the carbon and iron interactions

for a wide range of systems containing defects and it has been used to study carbon

interactions with dislocations and to calculate elastic constants of α-Fe [131, 132].

The equilibration was perfomed as follows. Initially, energy minimisation using the con-

jugate gradient method [133] was performed. The canonical ensemble (NVT) was used

to bring the temperature of the system from 0.1 to 300K in 100 ps. After heating, the

temperature was maintained constant for 100 ps with the NVT ensemble. Finally, the

isothermal-isobaric ensemble (NPT) was used to relax the supercell at 0 bar for 100 ps, for

38

http://lammps.sandia.gov


Newcastle University SoE

the (bulk) configuration using three periodic boundary conditions. For the (nanowhisker)

configuration using two non-periodic boundary conditions, only the Pzz component of

pressure was set to 0 bar as periodic boundary conditions are imposed only in the z direc-

tion. The damping parameters for the thermostat and the barostat used were set to 100

and 1000 timesteps, respectively. For both equilibration and tensile test simulations, the

integration of the equations of motion was done with the Velocity Verlet scheme using an

integration timestep of 1 fs.

For the bulk configuration, the tensile test simulations were performed using the NPT

ensemble. The non-loading axes were relaxed at 0 bar by adjusting the simulation cell

dimensions in order to maintain the uniaxial stress state. For the nanowhisker setting,

the NVT ensemble was used. The non-loading axes of the whisker are essentially surfaces,

so the uniaxial stress state is also maintained.

The applied engineering strain rates for both types of boundary conditions were 1010,

5× 109, 109, 5× 108, 108 and 5× 107 s−1. Simulations were run for 30, 60, 300, 400, 3,000

and 4,000 ps respectively, to achieve the target strain. Nanowhiskers were also tested

at 5 × 106 s−1 and run for 40 ns. The stress was computed from the pressure tensor in

the direction of the loading. Dislocations and twins were identified using the Dislocation

Extraction Algorithm (DXA) and the Polyhedral Template Matching (PTM) [134, 135],

respectively, as implemented in the Ovito code [136].

4.2 Results

4.2.1 Maximum stress and stress-strain curves

The maximum stresses calculated for the four crystallographic directions considered in

this study at the applied strain rates are given in table 4.1, along with the Schmid factors

for the bulk samples, and are shown in table 4.2 for the whiskers. Figure 4.3 shows the

stress-strain curves obtained at ε̇ = 108 s−1 for the bulk samples. It can be seen that

the maximum stress in the [1 1 1] loading direction for ferrite was σ
[1 1 1]
max = 23.6GPa while

for α-Fe it was σ
[1 1 1]
max = 20GPa. The strength of ferrite was also higher than that of

α-Fe when loading on the [1 1 0] direction, as σ
[1 1 0]
max = 18.5GPa and σ

[1 1 0]
max = 15.9GPa for

ferrite and α-Fe, respectively.

The strengthening effect of C was less significant when loading along the [1 1 2] and [1 0 0]

directions. The strength of ferrite was approximately 1GPa higher than that of α-Fe when

loading along the [1 1 2] direction, and no difference was observed along the [1 0 0] direction.

In section 4.3.2, it will be shown that in the [1 1 1] and [1 1 0] directions deformation occurs

by dislocation slip while in the [1 1 2] and [1 0 0] directions deformation is dominated by

twinning. This suggests that the increase in σmax is caused by the interaction of C atoms

with dislocations.
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σmax (GPa) on specified [h k l]

ε̇ (s−1) [1 1 1] [1 1 0] [1 1 2] [1 0 0]

α-Fe

1× 1010 25.3 21.3 14.7 9.4
5× 109 22.1 19.8 14.1 9.2
1× 109 21.8 16.7 13.8 9.0
5× 108 21.1 15.2 14.4 9.2
1× 108 20.0 15.9 14.8 9.2
5× 107 20.3 15.8 15.0 9.2

Ferrite

1× 1010 26.7 22.3 16.4 9.6
5× 109 23.4 21.6 16.2 9.4
1× 109 21.7 20.5 15.8 9.2
5× 108 21.6 19.3 15.7 9.2
1× 108 23.6 18.5 15.6 9.2
5× 107 21.6 18.8 15.5 9.1

Schmid’s factor 0.36 0.48 0.34 0.47

Table 4.1. Maximum stress and Schmid’s factors for bulk samples.

σmax (GPa) on specified [h k l]

ε̇ (s−1) [1 1 1] [1 1 0] [1 1 2] [1 0 0]

α-Fe

1× 1010 20.5 18.7 14.6 9.4
5× 109 19.5 17.6 13.8 9.2
1× 109 17.6 15.8 13.2 9.1
5× 108 17.3 15.4 13.0 9.0
1× 108 17.1 15.2 12.4 8.7
5× 107 16.9 14.6 12.0 8.5
1× 107 16.3 14.6 11.9 8.5

Ferrite

1× 1010 21.1 18.2 14.3 9.5
5× 109 20.0 17.3 13.7 9.2
1× 109 18.1 15.8 13.0 9.1
5× 108 17.4 - 13.8 8.8
1× 108 16.8 14.7 12.1 8.6
5× 107 16.4 14.6 12.0 8.4
1× 107 16.9 14.8 11.2 8.3

Table 4.2. Maximum stress for whiskers.

Stress-strain curves obtained for nanowhiskers at ε̇ = 108 s−1 are shown in figure 4.4. Sim-

ilarly to the bulk configuration, the [1 1 1] direction is the one with the highest strength,

followed by the [1 1 0] direction, for both, α-Fe (figure 4.4a) and ferrite (figure 4.4b).

However, only minor differences were seen between α-Fe and ferrite nanowhiskers, and

the σmax values were considerably lower relative to the bulk configuration.

4.2.2 Strain rate sensitivity

The stress-strain curves for the bulk configuration when loaded along the [1 1 1] direction

are presented in figure 4.5. As can be seen in this figure, except for ε̇ = 5× 108 s−1, σmax

is higher in ferrite than it is in α-Fe for all strain rates.
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(a)

(b)

Figure 4.3. Stress-strain curves at ε̇ = 108 s−1 for bulk samples: (a) α-Fe; (b) ferrite. σmax

for ferrite is higher when loaded in the [1 1 1], [1 1 0] and [1 1 2] directions.
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(a)

(b)

Figure 4.4. Stress-strain curves at ε̇ = 108 s−1 for nanowhiskers: (a) α-Fe; (b) ferrite. No
significant difference in σmax.
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In order to understand how the strain rate affects strength, σmax was plotted versus

ε̇ for the four loading directions and fitted to a power-law expression using the least

squares method. Figure 4.6 shows the curves obtained for the bulk samples. Two distinct

regions, characterised by different slopes can be observed for the [1 1 1] and [1 1 0] loading

directions. At high strain rates, ε̇[1 1 1] > 5×109 and ε̇[1 1 0] > 5×108 for α-Fe (figure 4.6a)

and ε̇[1 1 1] > 109 and ε̇[1 1 0] > 8×108 for ferrite (figure 4.6b) the maximum stress decreases

sharply as ε̇ is decreased while for strain rates below than these values the influence of

the strain rate becomes negligible and maximum stress remains almost constant. The

strength in the [1 1 2] and [1 0 0] direction is practically insensitive to strain rate.

For the nanowhiskers, σmax decreases continuously as ε̇ is reduced, as can be seen in

figure 4.7, and a power law relationship exists between the maximum stress and the

strain rate:

σmax = Cε̇m (4.1)

where σmax is the maximum stress, C is a constant, ε̇ is the strain rate, and m is the

strain rate sensitivity.

Table 4.3 lists the calculated values for strain rate sensitivity, m, and the constant C

for each loading direction considered in this work. It can be seen that the strain rate

sensitivity ranges between 0.015 and 0.039 for different directions. These values are com-

parable with experimental values for low carbon steels, which are reported between 0.01

and 0.015 [137].

The two distinct regions observed in the σmax versus ε̇ plots for the bulk configuration were

not seen for the nanowhiskers. Furthermore, there was no noticeable difference between

the strength of ferrite and α-Fe. These two facts suggest that the high surface-to-volume

ratio of the nanowhiskers obscures the effect of the carbon atoms, due to constraint in

the square-section whiskers.

Direction

[1 1 1] [1 1 0] [1 1 2] [1 0 0]

C (GPa)
α-Fe 9.80 7.36 7.43 6.66
Ferrite 9.04 8.59 6.78 6.34

m
α-Fe 0.0304 0.0389 0.0283 0.0152
Ferrite 0.0350 0.0313 0.0319 0.0168

Table 4.3. Calculated strain rate sensitivity for α-Fe and ferrite for different directions.

43



Newcastle University SoE

(a)

(b)

Figure 4.5. Stress-strain curves for bulk samples in the [1 1 1] direction: (a) α-Fe and (b)
ferrite.
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(a)

(b)

Figure 4.6. Maximum stress versus strain rate for different directions using periodic
boundary conditions (bulk): (a) α-Fe and (b) ferrite. Two stages can be
identified in the [1 1 1] and [1 1 0] directions. At lower strain rates, σmax is
strain rate-insensitive while at higher values of strain rate, σmax increases
with ε̇.
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(a)

(b)

Figure 4.7. Maximum stress versus strain rate for different directions using non-periodic
boundary conditions (nanowhisker): (a) α-Fe and (b) ferrite. σmax is related
to ε̇ by the power law σmax = Cε̇m.
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4.2.3 Deformation Mechanisms

Deformation by twinning

Snapshots of the deformation process of α-Fe nanowhiskers in the [1 1 2] direction, at

strain rates ε̇ = 1010 s−1, ε̇ = 109 s−1 and ε̇ = 108 s−1 are shown in figure 4.8, 4.9 and 4.10,

respectively. Surface atoms on the first (1 1 1) plane, parallel to the page, were removed

from the visualisation. From figures 4.8 to 4.10, it can be seen that at the yield point,

the number of twins present in the crystal changes with the strain rate. At ε̇ = 1010 s−1

(figure 4.8a), several twins nucleate at the edges of the nanowhisker since they act as

stress concentrators. These twins grow due to the propagation of 1
2
[1 1 1] dislocations on

{1 1 0} planes, and they intercept other growing twins, as depicted in figure 4.8b. The

clash of these growing twins leads to the formation of twinned regions, whose boundaries

merge to accomodate the increasing strain, as shown in figure 4.8c.

At a strain rate of 109 s−1, the number of twins is lower. Figure 4.9a shows a twin

nucleated on a {1 1 0} plane at an angle of 45◦ with the loading axis. Then, it propagated

through the whisker and reached the opposite surface while intercepting the advance of

another growing twin, as shown in figure 4.9b. Similar processes occur in different regions

of the nanowhisker. On further loading twin boundaries expand to account for the strain

increase, as depicted in figure 4.9c. Once the whisker cannot accommodate the increasing

strain, nano-voids and dislocations nucleate inside the nanowhisker at twin boundaries.

Figure 4.10 shows the deformation of a α-Fe nanowhisker at ε̇ = 108 s−1. Only two

twin boundaries can be seen suggesting that only a pair of twins nucleated. These twins

propagate on {1 1 0} planes, reaching the opposite surface of the whisker to grow into

two full twins, as shown in figure 4.10a and figure 4.10b and they become the boundaries

of the twinned region, as shown in figure 4.10c. Plastic deformation takes place due to

the advance of these boundaries. On further strain increase, microvoids nucleate at twin

boundaries and almost no dislocation activity is observed. This deformation behaviour is

similar to the one described by Sainath et al. [123].

From Figs. 4.8, 4.9 and 4.10, it can be seen that the main effect of decreasing the strain

rate on the deformation behaviour is the decrease in the number of twins which results

in a lower strain at yield. The strain at yield is 0.124, 0.1015 and 0.093 for simulations

at 1010, 109 and 108 s−1, respectively. Experimental observations of twins in iron single

crytals is commonly observed at low temperatures and directions close to the [1 0 0], with

increasing twinning at higher strain rates [138].

Deformation by dislocation slip

Snapshots of the deformation process of α-Fe nanowhiskers in the [1 1 1] direction at

ε̇ = 1010 s−1 strain rate are presented in figure 4.11. It can be seen that plastic deformation

begins with the nucleation of 1
2
[1 1 1] dislocations at the edges of the nanowhisker, as shown
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in figure 4.11a. The glide of these dislocations is accompanied by large localised distortions

caused by the nucleation of several dislocation loops, as shown in figure 4.11b. As the

strain increases, dislocations on main slip planes propagate through the nanowhisker,

reaching the opposite surface, as can be seen in figure 4.11c. Due to the short run

time of the simulations and the low mobility of screw dislocations compared with edge

dislocations, the screw dislocations do not have enough time to slip and reach the surfaces.

This results in a high dislocation density in the bulk of the nanowhisker.

Snapshots of the deformation process of a α-Fe nanowhisker at ε̇ = 5×108 s−1 are presented

in Fig. 4.12. Plastic deformation begins with the nucleation of 1
2
[111] dislocations at an

edge of the nanowhisker, followed by propagation through the nanowhisker. The glide of

these dislocations causes significant plastic deformation which results in the formation of

a crack, as it can be seen in figure 4.12a. Dislocations nucleate from the crack-tip and slip

to the surfaces of the nanowhisker resulting in steps, which can be seen in figure 4.12b.

The crack growth continues with futher strain causing an in-plane slip of the two parts of

the nanowhisker at approximately 45◦ from the loading axis, as depicted in figure 4.12c.

This deformation is consistent with the one reported by Sainath & Choudhary [139].

(a) ε = 0.11 (b) ε = 0.15 (c) ε = 0.2

Figure 4.8. Deformation of a α-Fe nanowhisker loaded in the [1 1 2] direction at ε̇ =
1010 s−1: (a) Several twins nucleate at the edges of the nanowhisker; (b) As
they grow, they intercept other twins and reach the opposite edge of the
nanowhisker; (c) Twin boundaries merge to accomodate the increasing strain,
resulting in larger twinned regions. Colouring based on local lattice orien-
tation. Yellow atoms: original orientation. Green atoms: medium rotation.
Red atoms: large rotation. Blue atoms: surface atoms.
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(a) ε = 0.08 (b) ε = 0.09 (c) ε = 0.15

Figure 4.9. Deformation of a α-Fe nanowhisker loaded in the [1 1 2] direction at ε̇ =
109 s−1: (a) Twins nucleate at the edges of the nanowhisker; (b) They prop-
agate until they reach the opposite surface or other growing twins; (c) Twin
boundaries move and expand twinned regions, as the load increases. Colouring
based on local lattice orientation. Yellow atoms: original orientation. Green
atoms: medium rotation. Red atoms: large rotation. Blue atoms: surface
atoms.

(a) ε = 0.08 (b) ε = 0.09 (c) ε = 0.15

Figure 4.10. Deformation of a α-Fe nanowhisker loaded in the [112̄] direction ε̇ = 108 s−1:
(a) A pair of twins nucleate at the edges of the nanowhisker; (b) They grow
through the nanowhisker, reaching the opposite surface to become the twin
boundaries; (c) As the strain increases, the twin boundaries advance to ex-
tend the twinned regions. Nanovoids nucleate at twin boundaries with almost
no dislocation activity. Colouring based on local lattice orientation. Yellow
atoms: original orientation. Green atoms: medium rotation. Red atoms:
large rotation. Blue atoms: surface atoms.

A further decrease in the strain rate does not show an important change in the deformation

mechanism of the whiskers. As shown in figure 4.12d, a similar 45◦ slip failure was observed

when loading at ε̇ = 5 × 106 s−1. However, when compared with the deformation at
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ε̇ = 5×108 s−1 (figure 4.11), more slip-steps can be seen at the surface, indicating that more

dislocations managed to leave the bulk of the whisker. After yield, the dislocation density

was approximately ten times higher in the nanowhisker loaded at ε̇ = 5×108 s−1 compared

with that at ε̇ = 5 × 106 s−1. This suggests that at higher strain rates, dislocations,

especially of screw character, do not have enough time to move and reach surfaces. A

higher number of dislocations results in a higher tensile stregth. For these two whiskers,

there was a difference of more than 2GPa in favour of the one loaded at ε̇ = 5× 108 s−1.

(a) ε = 0.17 (b) ε = 0.175 (c) ε = 0.2

Figure 4.11. Deformation of a α-Fe nanowhisker loaded in the [1 1 1] direction at ε̇ =
1010 s−1: (a) Several 1

2
[111] dislocations nucleate at the edges of the

nanowhisker; (b) and (c) Dislocations on main slip planes propagate through
the nanowhisker and reach the opposite surface. Highly deformed areas are
shown in grey.
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(a) ε = 0.14155 (b) ε = 0.1434

(c) ε = 0.15 (d) ε = 0.15, ε̇ = 5× 106 s−1

Figure 4.12. Deformation of a α-Fe nanowhisker loaded in the [1 1 1] direction at ε̇ =
5× 108 s−1: (a) Intense dislocation nucleation resulting in the formation of a
crack; (b) Dislocation emission from the crack-tip and formation of surface
steps; (c) In-plane slip at 45◦ from the loading axis; (d) Deformation at
ε̇ = 5 × 106 s−1, showing significantly more slip steps than in (d). Atomic
strains larger than 1 are shown in red.
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4.3 Discussion

4.3.1 Orientation dependence of strength

The yield strength of a BCC single crystal is closely related to the stress required to

nucleate 1
2
⟨1 1 1⟩ full dislocations responsible for slip deformation, or the 1

6
⟨1 1 1⟩ partial

dislocations responsible for twinning. As discussed by Li et al. [140], the slip and twinning

mechanisms compete at yield. Plastic deformation commences with the formation of a

one-layer stacking fault through the nucleation of a 1
6
⟨1 1 1⟩ partial dislocation. Whether

slip or twinning dominate is determined on the following step: if the subsequent step is

the nucleation of another 1
6
⟨1 1 1⟩ partial dislocation, a twin will form. Further nucleation

of partial dislocations of this type will extend the boundary of twinned crystal. On the

other hand, if the nucleation of the initial 1
6
⟨1 1 1⟩ partial dislocation is followed by the

nucleation of a 1
3
⟨1 1 1⟩ dislocation, a full 1

2
⟨1 1 1⟩ dislocation will form.

Twinning is crystallographically favoured when the crystal is loaded on the [1 1 2] and

[1 0 0] directions. Consequently, yield occurs at lower stress because the nucleation of

a 1
6
⟨1 1 1⟩ partial dislocation requires lower energy than the nucleation of a full 1

2
⟨1 1 1⟩

dislocation [141]. On the other hand, slip is more favourably oriented when the loading

axis lies along the [1 1 1] and [1 1 0] directions, and high stress is needed for the nucleation

of full 1
2
⟨1 1 1⟩ dislocations. Furthermore, the Schmid’s factors for the ⟨1 1 1⟩{1 1 2} slip

system when loaded on the [1 1 1] and [1 1 0] direction are 0.36 and 0.48, respectively. The

lower Schmid’s factor when loading on the [1 1 1] direction suggests that higher stresses

are needed to initiate slip than when loading on the [1 1 0] direction.

4.3.2 Effects of C interstitials on strength

There is a noticeable difference between the strength of ferrite and that of α-Fe, shown

in figure 4.6. This difference was attributed to the presence of carbon interstitials in the

ferrite supercell. Moreover, the fact that the superior strength of ferrite was mainly seen

when loading along orientations that fail due to dislocation slip, the [1 1 1] and the [1 1 0]

orientations, is another indication that the interaction of C interstitials with dislocations

is responsible for such strengthening.

Molecular dynamics simulations of dislocation glide have shown that C atoms can sig-

nificantly increase the critical shear stress needed to produce glide and decrease glide

velocity [74]. However, C interstitials need to be a close proximity to the glide plane for

dislocation pinning to be significant (closer than 0.2 nm). Therefore, the strengthening

effect of C atoms depends on the encounters they have with dislocations. The supercells

used in this work were approximately 14 times larger than those used by Schmauder &

Kohler [74], in order to maximise the possibility of dislocations sliding on planes with C

atoms. Since the magnitude of the strengthening effect depends on the position of both

carbon atoms and slip planes, a large number of randomly distributed atoms is needed to
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account for the variability of the Fe–C system. In figure 4.6b, data scatter at lower values

of ε̇ for ferrite loaded on the [1 1 1] and [1 1 0] can be observed, evidencing the random

nature of the C atoms and dislocation core encounters.

4.3.3 Strain rate effects

As seen in the stress-strain curves presented in figure 4.5, the strength of the supercells

increases with the strain rate. This occurs because at high strain rates, dislocations

cannot move through the crystal and the large number of dislocations that nucleated

at the yield point become trapped in the supercell. This increased dislocation density

results in the observed stress overshoot. Transmission electron microscopy observations

of samples deformed at high strain rates reported in the literature [142], confirm that

the slip mechanism can operate at high strain rates, and that high dislocation densities

are responsible for the increased strength. In this work, simulations performed at higher

strain rates showed increased dislocation densities when compared with those at lower

strain rates. This is consistent with the work reported by Wang et al. [142].

The two regimes describing the dependence of σmax on ε̇, observed when loading on

the [1 1 1] and [1 1 0] directions using the periodic boundary conditions (bulk) can be

explained as the transition between thermally assisted (at low strain rates) and athermal

yielding. At low strain rates, the energy required by dislocations to overcome energy

barriers and obstacles, such as C interstitials, is provided by the applied stress and by

thermal vibrations [143]. The probability of thermal activation at higher strain rates

decreases and with limited thermal assistance, dislocations require higher shear stresses

to overcome obstacles, resulting in higher values of σmax.

4.4 Conclusions

Molecular dynamics simulations of tensile tests were carried out in pure Fe and ferrite in

order to investigate the effect of C atoms on the strength and active deformation mech-

anisms. For the configuration using periodic boundary conditions in all three directions

(bulk configuration), the strength of ferrite was found to be up to 20% higher than that

of pure Fe for certain crystallographic directions, i.e. the [1 1 1] and [1 1 0]. When loaded

on these directions, yielding occurred via dislocation slip. When loaded on the [1 1 2] and

[1 0 0] directions, the deformation occurred via twinning, and C atoms did not produce

any noticeable strengthening effect. For the configuration with non-periodic boundary

conditions along non-loading axes (nanowhisker configuration), no noticeable difference

between the tensile behaviour of pure Fe and ferrite was observed, suggesting that surface

effects dominate the deformation.

The influence of strain rate on the deformation of iron and ferrite was investigated by

running simulations with the following strain rates 1010, 5 × 109, 109, 5 × 108, 108 and
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5× 107 s−1. The values calculated for strain rate sensitivity, m = 0.015 to 0.039 are com-

parable with experimental values, m = 0.01 to 0.015 obtained for low carbon steels [137].

Two regimes describing the dependance of σmax on the ε̇, were observed for the [1 1 1] and

[1 1 0] directions when using periodic boundary conditions. This behaviour is associated

with the deformation by dislocation slip, and the two regimes correspond to athermal

(ε̇ > 109 s−1) and thermally assisted yield (ε̇ < 109 s−1).
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Chapter 5

Hydrogen Effects on Dislocation

Mobility

The hydrogen enhanced localised plasticity theory [5, 6, 53] is usually quoted to explain

softening (e.g. reduction of the flow stress) observed in metals when exposed to a hydrogen

environment. HELP theory has been used to explain TEM observations of enhanced

dislocation mobility [7] and localised slip [144]. Reduction of the yield strength in tensile

tests [54, 145] and pop-in load in nano-indentation [58] experiments are also examples of

phenomena that have been attributed to HELP. While these observations suggest that

the presence of hydrogen in metals leads to softening, at least locally, the mechanism by

which it occurs has not been satisfactorily explained.

Three main possible mechanisms through which dissolved hydrogen atoms could induce

softening have been proposed:

1. H increases dislocation mobility [54, 146], resulting in lower flow stress;

2. H reduces dislocation-dislocation interactions [147, 148], increasing planar slip and

pile-ups;

3. H modifies dislocation-obstacle interactions, reducing the ability of obstacles to pin

dislocations [149].

Mechanisms 2 and 3 have been investigated through continuum modelling [6, 150], con-

cluding that while dislocation pile-ups are unlikely to be the cause of softening, reduced

obstacle pinning of dislocations may be possible. Mechanism 1 is not suitable for contin-

uum analysis due to the non-linear nature of dislocation cores, making atomistic simula-

tions a more appealing approach.

In some metals, atomistic simulations involving H are challenging due to the high migra-

tion barrier of hydrogen that requires simulation timescales to be in the order of magnitude

of microseconds (which is currently beyond the current capabilities of most supercomput-

ers). In iron, however, hydrogen diffusion is fast, requiring timescales in the nanoseconds.
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The effect of H on dislocation mobility in iron has been studied using MD simulations.

Song and Curtin [60], used a well-known Fe-H embedded atom method interatomic po-

tential [13, 14] to study hydrogen effects on dislocation mobility. They found out that

mechanism 1 is not operative in Fe and instead, hydrogen decreases dislocation mobility

due to solute drag. They also concluded that hydrogen has little effect on the separation

distance of edge dislocation in pile-ups, thus suggesting that hydrogen induces softening

through mechanism 3, by modifying dislocation-obstacle interactions.

While dislocation-obstacle interactions can also be studied using MD simulations, the

type of obstacle is greatly limited by the interatomic potential used. Attractive scenarios

would be dislocations interacting with interstitials and precipitates, as they are important

strengthening mechanisms. Unfortunately, the lack of availability of accurate ternary

interatomic potentials (metal–H–obstacle) poses a major limitation to study this scenario

with MD simulations. In an attempt to circumvent this issue, Tehranchi et al. [151],

studied the effects of hydrogen on dislocation mobility using vacancies as ‘surrogates’ of

solutes in Ni. It was shown that hydrogen atoms reduce the misfit volume, decreasing the

stress needed for the dislocation to glide through a field of other vacancies. However, in

the same work, DFT calculations demonstrated that H atoms do not bind with C solutes

in Ni, resulting in larger misfit volumes which would lead to hardening. Nonetheless,

this work suggests that softening due to hydrogen in metals is possible, depending on the

hydrogen-obstacle interactions.

Great research effort has been devoted to the development of accurate ternary inter-

atomic potentials. One of the approaches that have shown interesting progress is the

reactive force field (ReaxFF) interatomic potential developed by van Duin, Goddard and

co-workers [12, 106, 107, 152]. This type of potential intends to bridge the gap between

quantum mechanical and classical molecular dynamics methods, offering quantum me-

chanics accuracy to large-scale simulations. ReaxFF is a reactive bond order potential

that takes into account covalent and electrostatic interactions. Early work on the ReaxFF

potential was aimed to study the oxidation of hydrocarbons [106], and was later extended

to study Fischer–Tropsch catalysis [110]. This ternary Fe-C-H potential was adapted by

Islam et al. to study hydrogen embrittlement [12]. The potential can describe hydro-

gen, vacancy, ferrite, and cementite interactions accurately, and has been chosen to study

dislocation-H-solute interactions, the aim of this chapter.

5.1 Simulation methodology

Molecular dynamics simulations were used to test HELP concepts such as enhanced dis-

location mobility and reduced dislocation-obstacle interactions. An edge dislocation was

recreated following the periodic array of dislocations (PAD) simulation technique dis-

cussed in detail by Osetsky and Bacon [75]. The main advantage of this simulation

technique over other approaches, such as the conventional model (CM) [153, 154], and
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the Green’s function boundary conditions (GFBC) [155, 156], approaches in which the

dislocation is created by displacing the atoms according to the elasticity theory, is that

periodic boundary conditions are applied not only in the line direction but also to the

glide direction. Having periodic boundary conditions along both the glide and dislocation

line directions has two major benefits: The first one is that the dislocation can glide an

infinite distance because once it reaches the edge of the supercell, it will be reinserted

on the opposite side. This is useful to dislocation dynamics since there is no limit on

the distance the dislocation can glide before reaching the end of the simulation cell. The

second benefit is that the direction along the dislocation line does not need to be large,

as it has been demonstrated that results are insensitive to the size of the supercell in that

direction [75]. This allows the focus of computational resources on increasing the size of

the other two dimensions, to achieve realistic values of dislocation density, and timescales

of the simulations. The PAD approach can be used to study dislocation motion under

different conditions (temperature, applied stress, applied strain) and dislocation interac-

tions with defects. Simulations using this methodology have been widely used to study

dislocations in different materials such as Fe [157–159], Ni [160, 161], Al [160, 162] and Cu

[163]. Furthermore, the MD studies of H effects on dislocation mobility described in the

previous section also made use of the PAD approach. The accuracy of the PAD approach

has been widely studied. Guidelines on how to perform reliable modelling while avoiding

simulation artefacts, such as artificial image forces, can be found in the literature [75,

164]. These guidelines has been followed in this study.

5.1.1 Periodic array of dislocation supercell creation

The PAD supercell was created by merging two Fe single crystals, one of which had an

extra lattice plane along the glide direction, and by minimising the potential energy of the

resulting supercell. The half-crystals were oriented to produce a dislocation representative

of those found in body-centred cubic Fe. BCC iron has multiple slip systems from which

the 1
2
⟨1 1 1⟩{1 1 0} was chosen for this study since it is the one most commonly found in MD

simulations in the literature, facilitating direct comparison of results. The glide direction,

slip plane normal direction and the dislocation line direction are the orthogonal [1 1 1],

[1 1 0] and [1 1 2] directions. The initial supercell containing the two half-crystals is shown

in figure 5.1a. The lower and upper crystal consisted of n and n+ 1 lattice planes along

the glide direction1, the [1 1 1], respectively. Because one of the half-crystals is slightly

larger, having an extra lattice plane, there is significant atomic mismatch between the

two joint half-crystals. This can be seen by computing the potential energy per atom of

the supercell, which is shown in figure 5.2a. It can be seen that merging two half-crystals

results in a configuration in which atoms along the boundary have high potential energy.

The atomic mismatch along the boundary plane between two half-crystals is energetically

expensive, so the minimisation of the potential energy produces a much more favourable

1The number of lattice planes along the glide direction, n, was chosen in section 5.1.2.
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configuration in which most of the strain is localised in an edge dislocation. After the

minimisation only those atoms along the dislocation line have high potential energy, as

can be seen in figure 5.2b.

(a) Initial configuration (b) Final configuration

Figure 5.1. Creation of PAD supercell: a) Initial configuration consisted of two merged Fe
single crystals (blue and orange). The upper crystal is larger than the lower
one as it has an extra (1 1 1) plane. b) Final configuration of the PAD supercell
containing a single 1

2
[1 1 1] edge dislocation, whose line is perpendicular to

the plane of the page. Blue, white and grey atoms represent atoms in bcc
coordination, atoms at the dislocation core and traction atoms, respectively.

(a) Unrelaxed (b) Relaxed

Figure 5.2. Potential energy in eV/atom of PAD supercell before and after energy min-
imisation. a) Unrelaxed configuration: lattice mismatch along the boundary
between two joint half-crystals results in high potential energy. b) Relaxed
configuration: after minimisation of the potential energy, a 1

2
[1 1 1] edge dislo-

cation is created. Atoms with high potential energy can only be found along
the dislocation line.
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5.1.2 Size of the simulation box

In order to minimise size effects while keeping the computational cost of the simulation

manageable, the size of the supercell was optimised. This was done by minimising the

potential energy of supercells of different sizes and comparing the predicted stress field

with the isotropic elasticity solution. As mentioned in section 5, the ReaxFF interatomic

potential developed by Islam et al. [12] was used as it will allow study of the interactions

between H with C interstitials in bcc Fe. The widely accepted EAM potential for Fe-H

interactions developed by Ramasubramaniam et al. [13, 14] was also used as a compari-

son. After the minimisation, the shear stress σxy was computed and compared with the

isotropic elasticity prediction [165] of the shear stress field around an edge dislocation,

given by

σxy = Dx
(x2 − y2)

(x2 + y2)2
(5.1)

where x and y are the position coordinates and D is defined as

D =
Gb

2π (1− ν)
(5.2)

G, b and ν in equation (5.2), are the shear modulus, the magnitude of the Burgers vector

and the Poisson’s ratio, respectively.

Due to the periodicity of the PAD supercell, a bowing dislocation is affected by image

stresses arising from dislocations in neighbouring periodic supercells. Image forces act

against the curvature of the dislocation, increasing the real stress needed to unpin a

dislocation [164]. Therefore, in order to study H effects on dislocation pinning phenomena,

it is important to minimise these image stresses. For a given dislocation line length Lz,

artificial image stresses acting on the dislocation are a function of the cross-section aspect

ratio L̄ = Lx/Ly, with optimal values close to 0.8 [164]. While L̄ for simulations tested

here is close to 1, difference in image stresses for values of L̄ between 0.7 to 1.1 is rather

small. Therefore, the aspect ratio used in this study is considered adequate. The direction

along the dislocation line was made small, consisting of two lattice repeats along the [1 1 2]

direction, or 1.4 nm. As discussed in [164], image stresses are quadratic in the dislocation

line direction, thus PAD supercells along dislocation lines will suffer from increased image

stresses when bow-out occurs.

With all these considerations taken into account, five simulation supercells of different

sizes, shown in table 5.1, were tested. They range from 21× 12× 2 to 159× 96× 2 lattice

repeats on the glide [1 1 1], glide plane normal [1 1 0] and dislocation line [1 1 2] directions,

respectively.

Figures 5.3 and 5.4 show the σxy stress field for the S2 and the S4 supercells (consisting
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Supercell
Unit cells Dimensions, nm

atoms,×103 σdiff, GPa
n×m× l [1 1 1] [1 1 0] [1 1 2]

S1 21× 12× 2 5.1 4.6 1.4 2.9 1.71

S2 41× 24× 2 10 10 1.4 11.7 0.89

S3 83× 48× 2 20.1 19.2 1.4 47.5 0.43

S4 105× 60× 2 25.6 24 1.4 75.2 0.34

S5 159× 96× 2 39.1 38.5 1.4 182.6 0.23

Table 5.1. PAD simulation size optimization.

of 41×24×2 and 105×60×2 lattice repeats along the [1 1 1], [1 1 0] and [1 1 2] directions,

respectively) computed by the ReaxFF potential and by equation (5.1). The range of the

colour map has been set at ±6GPa, so that atoms under stresses exceeding that range will

be displayed in dark blue and yellow, for positive and negative shear stresses, respectively.

While the prediction of the stress field might seem similar in all cases, some important

remarks can be made: Close to the dislocation core, σxy computed by ReaxFF is very

similar for both S2 and S4 supercells, with largest stresses being close to ±5.5GPa. In

this region, the magnitude of the stresses predicted by the isotropic elasticity theory are

overestimated, due to the 1/r dependence of the solution. Faraway from the dislocation

core, the isotropic elasticity theory is accurate and the 1/r dependence translates into the

long range of the stress field around the dislocation. However, this is not the case in the

PAD model due to the periodicity of the supercell. As can be seen from figures 5.3 and 5.4,

shear stresses to the right and left of the dislocation are positive and negative, respectively.

This means that at the edge of the supercell σxy will be zero because of the interaction

of the dislocation with its periodic image. In other words, the positive shear stress to the

right of the dislocations will interact with the negative shear stress of its periodic image to

the right, cancelling each other out at half the distance between them. This can be better

illustrated by computing σxy versus x with y = 0, as shown in figure 5.5. For the isotropic

elasticity prediction (black solid line), σxy decays very slowly for |x| > 10 nm, levelling

off at approximately 0.3GPa. For the atomistic solutions, σxy become zero at the edge

of the supercell, so that smaller supercells show significant deviations from the isotropic

elasticity prediction. Let us define σdiff as the difference between σxy computed by the

simulations at the edge of each supercell and that computed by the theoretical solution

at the same position. High values of σdiff indicate large deviations of σxy between the

atomistic simulations and the isotropic elasticity solution. Table 5.1 shows σdiff for all the

supercells. It can be seen that σdiff decreases as the size of the supercell is increased: For

the smallest supercell (S1), σdiff is 1.71GPa, while for the largest (S5), it is only 0.23GPa.

It is clear that σdiff decreases with increasing the size of the supercell. Figure 5.5 suggests

that using supercells with Lx dimensions smaller than 15 nm (7.5 nm on each side of the

dislocation) is not adequate as the stress field around the dislocation is shielded due to

the elastic interaction with its periodic images.

60



Newcastle University SoE

(a) ReaxFF (b) Isotropic elasticity

Figure 5.3. σxy stress field around the dislocation for the S2 supercell (see table 5.1) using
a) ReaxFF potential and b) isotropic elasticity solution. For the ReaxFF
prediction, atoms at the edges of the supercell have zero stress, deviating
from the isotropic elasticity prediction.

(a) ReaxFF (b) Isotropic elasticity

Figure 5.4. σxy stress field around the dislocation for the S4 supercell (see table 5.1) using
a) ReaxFF potential and b) isotropic elasticity solution. For the ReaxFF
prediction, atoms at the edges of the supercell have zero stress, inconsistent
with the isotropic elasticity prediction. However, due to larger size of the
supercell, the difference between both predictions is minor.
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Figure 5.5. Dependence of σxy with position x along the [1 1 1] axis. The isotropic elas-
ticity solution shows a weak decay of σxy for | x |> 10 nm. For the atomistic
prediction, σxy becomes zero at the edge of the supercell due to the periodicity
of the supercells.

The S5 supercell shows good agreement with the isotropic elasticity solution, and would

be the ideal choice should the computational resource allow it. However, the high com-

putational cost of the ReaxFF potential used to describe interatomic forces, makes the

choice of the largest supercell impractical. Furthermore, as the size of the simulation cell

is increased, H diffusion requires longer times, which means that using larger size trans-

lates not only into longer times per integration step, but also into higher number of steps

needed for the simulation. For those reasons, the S4 supercell, consisting of approximately

75,000 atoms was chosen for this study, as it reduces the computational requirements con-

siderably while still keeping a good degree of accuracy. A similar behaviour was found

also for the EAM prediction.

Both potentials seem to reproduce adequately basic properties of BCC Fe. A comparison

of various physical properties of interest predicted by both potentials can be found in

Appedix A. EAM potential predicts more accurately elastic properties. When comparing

the description of the interactions of hydrogen solutes with defects, both force fields

perform similarly. Depending on the property, energies are slight over or underestimated.
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5.1.3 Simulation details

Once the atomic configuration and size of the supercell have been decided, testing condi-

tions must be defined. In order to investigate the effects of H on dislocation mobility, the

glide velocity of the dislocation in the presence and absence of H will be compared. Four

different scenarios were tested:

1. dislocation glide in Fe,

2. dislocation glide in Fe pinned by a C atom

3. dislocation glide in Fe in the presence of H

4. dislocation glide in Fe pinned by a C atom in the presence of H.

For simulations involving hydrogen, concentrations tested ranged between 0.033 and

0.33 at.%. The PAD technique allows the dislocation glide to be driven by applying either

shear stress or strain. To do that, two slabs consisting of the 8 topmost and bottommost

atomic layers were used as traction, depicted as grey atoms in figure 5.1b. Lower traction

atoms were fixed during the simulation while shear stress was applied to upper traction

atoms.

Simulations were performed as follows. Equilibrium was achieved by relaxing the min-

imised supercell, so that it already contains a dislocation, using the NVT ensemble for

50 ps for the hydrogen-free supercells and until a stable configuration was achieved, as

discussed in section 5.2.3, for supercells containing hydrogen. The time needed to achieve

equilibrium in the supercells containing hydrogen depended upon the hydrogen concen-

tration. This will be discussed in more detail in section 5.2.3. The temperature chosen

for the simulations was 500K in order to enhance H diffusion and reduce simulation time.

The ReaxFF potential developed by Islam et. al [12] was used to describe the atomic

interactions. Furthermore, embedded-atom method potentials were also used as a com-

parison. The EAM potential for Fe–C developed by Hepburn and Ackland [99] was used

in the Fe and Fe–C simulations (scenarios 1 and 2, respectively). For Fe–H simulations

(scenario 3) the EAM potential developed by Ramasubramaniam et al. [13, 14] was used.

The integration step applied was 1 fs for pure Fe supercells and 0.4 fs for the rest of the

supercells. After equilibrium was reached, shear stress or strain were applied to the upper

traction atoms and the NVE ensemble was used to integrate the equations of motion.

Simulations were run for at least 2 ns or until steady-state was achieved, e.g. dislocation

gliding at constant velocity. The dislocation position was recorded over time by averaging

the positions of the atoms at the core which were identified using the polyhedral template

matching (PTM) [135] modifier implemented in Ovito visualization tool [136].
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5.2 Results

5.2.1 Glide in pure Fe

Under applied shear stress σxy, the dislocations in pure Fe glide at a constant velocity.

This can be illustrated by tracking the position of the core over time for a given applied

stress. Figure 5.6 shows this for both the EAM and ReaxFF potentials under 100MPa

shear stress at 500K. Aside from minor fluctuations, the position increases linearly and

steadily over time for both potentials, suggesting that a quasi-equilibrium state has been

reached. The slope of a line fitted to those plots represents the average velocity of the

dislocation under that applied load and temperature. From figure 5.6, it can be seen that

the predicted glide velocity of the dislocation is 371m s−1 and 827m s−1 for EAM and

ReaxFF, respectively. The average glide velocity predicted by the latter is more than

double that of the former. This behaviour is consistent over a wide range of applied shear

stresses as illustrated in figure 5.7, which shows the dislocation position over time for

applied shear stresses ranging from 20 to 800MPa at 500K.
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Figure 5.6. Core position versus time under 100MPa applied shear stress at 500K for
both ReaxFF and EAM potentials.

Calculated glide velocities shown in figure 5.7 range from 99 to 1,719m s−1 for EAM

and range from 190 to 1,819m s−1 for ReaxFF. A reduction in the applied stress results

in a decrease in the calculated glide velocity. Even when applying stresses as low as

20MPa, the dislocation core moves at a constant velocity. This fact suggests that the

stress needed to initiate glide is very low, which can be attributed to the low Peierls stress

and low lattice resistance of edge dislocations in BCC metals. The Peierls stress, the

stress needed to initiate glide on a dislocation at 0K, has been calculated using molecular

statistics simulations as 25MPa for an edge dislocation in Fe using an embedded-atom
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method potential [75]. For the ReaxFF potential, this stress is approximately 10MPa.

The energy needed to overcome the Peierls barrier at 0K comes exclusively in the form

of mechanical work done by the applied load. However, the significant thermal assistance

at 500K allows the dislocation to overcome the Peierls barrier at stresses lower than the

Peierls stress, explaining the constant glide at low stresses shown in figure 5.7.
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Figure 5.7. Core position versus time under different applied shear stress at 500K for
EAM and ReaxFF potentials.

Figure 5.7 shows that the glide velocity is proportional to the applied shear stress. The

relationship between them is shown in figure 5.8. Two regimes can be distinguished: at

low applied stress (σxy < 400MPa for EAM and σxy < 200MPa for ReaxFF), there is a

linear relationship between the glide velocity and the applied stress. At high shear stresses

(σxy > 400MPa for EAM and σxy > 200MPa for ReaxFF), the velocity begins to saturate
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with increasing applied stress, converging at a value of approximately 2,000m s−1. In the

lower stress regime, the movement of the dislocation follows ‘viscous drag’ dynamics, in

which the motion is similar to that of a particle moving through a viscous medium [166].

In this regime, the velocity of the dislocation is a linear function of the applied shear

stress and is described by the following equation [167]:

v =
b

B
σxy (5.3)

where b is the magnitude of the Burgers vector and B is the drag coefficient. In the range

of velocities in which equation (5.3) is valid, the drag coefficient is dominated by the

interactions of the dislocation with lattice vibrations [167]. B can be obtained from the

slope of the linear region of the velocity-stress plot (figure 5.8). At 500K, the calculated

drag coefficients are 6.34 × 10−5 Pa · s and 2.88 × 10−5 Pa · s for EAM and ReaxFF,

respectively. Molecular dynamics simulations using EAM potentials in the literature have

reported values of the viscous drag coefficient for an edge dislocation in Fe at the same

temperature ranging between 3.1× 10−5 and 3.3× 10−5 Pa · s [168, 169]. This range is of

the same order of magnitude as the drag coefficient calculated in this work.
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Figure 5.8. Average glide velocity as a function of the applied stress at 500K, showing
that the glide velocity increases linearly with the applied stress for stresses up
to 200 100MPa, respectively for EAM and ReaxFF.

For higher applied stresses, the average glide velocity converges to a value of approximately

1,900m s−1 for the applied shear stresses tested here, as can be seen in figure 5.8. In theory,

the limit for the dislocation velocity is the transverse speed of the sound in the material,

around 3,200m s−1 (although for these potentials it is approximately 3,800m s−1), because

the energy needed to drive the dislocation becomes infinite at that speed [170]. However, it
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has been reported that if created at strong stress concentrators, dislocations can nucleate

in a transonic and supersonic state, since they do not have to pass through the sound

barrier [171]. The behaviour of dislocations at these velocities is beyond the scope of this

work.

The drag coefficient B is a function of the temperature. As mentioned earlier, the drag

coefficient is dominated by interactions with lattice vibrations. These vibrations become

more numerous at higher temperatures, which results in lower glide velocities as the

temperature increases. This can be seen in figure 5.9, where dependence of the drag

coefficient with temperature is shown. For the range of temperatures tested, the drag

coefficient varies linearly with the temperature, and an equation for B as a function of

the temperature can be obtained from linear regression:

B(T ) = 6.48× 10−8T + 3.24× 10−5 (5.4)

for EAM, and

B(T ) = 4.11× 10−8T + 9.3× 10−6 (5.5)

for ReaxFF. Where B is the drag coefficient in Pa · s and T is the temperature in K.

The drag coefficients calculated in these simulations are an order of magnitude smaller

than those calculated in experiments for edge dislocations in pure iron. For instance,

using the pulse method, B was estimated as 3.4 × 10−4 Pa · s at 298K [172]. This value

is more than an order of magnitude larger than the one estimated from these simulations

at the same temperature, 5.07× 10−5 Pa · s and 1.92× 10−5 Pa · s, respectively for EAM

and ReaxFF. However, values of the drag coefficient cannot be directly compared with

experiments because, in the atomistic simulations presented here, the dislocation glides

in a perfect crystal, having no impediment for its motion aside from viscous drag; con-

sequently, drag coefficients are low. In the case of the pulse experiments, even though

high purity specimens were used (total impurities: 40.6 ppm), some impurities and other

defects are still present in the crystal, as the authors attributed the range of velocities

observed to the ‘ever present interstitial atoms’ that interact strongly with dislocations

in BCC metals [172]. Other obstacles such as vacancies, whose concentration is known

to increase with temperature, can also lock dislocations and hinder their motion. The

inability of edge dislocations to cross-slip suggests that dislocations have to rely on ther-

mal assistance to overcome obstacles. A thermally activated motion would result in an

inverse relationship between the drag coefficient and temperature as reported in those

experiments. This results from the dislocation overcoming obstacles more easily at higher

temperatures. This trend is opposite to what is observed in the simulations discussed in

this section, suggesting that different mechanisms control the dislocation motion. In other

words, the velocity measured experimentally is dominated by the contact time between
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dislocation and obstacles, while that estimated from these simulations is the ‘free-flight’

velocity of the dislocation without obstacles.

A variety of microstructural defects can hinder dislocation motion in steels. A clear

example are interstitials which bind to the dislocation core due to their elastic interaction,

resulting in dislocation pinning. However, other defects such as vacancies, inclusions, other

dislocations and dislocation loops can also impede dislocation motion. The effect of C

interstitials, on the dislocation mobility is explored in the next section.
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Figure 5.9. Dependence of the drag coefficient B with temperature for EAM and ReaxFF.
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.

5.2.2 Glide in Fe–C

It is known that obstacles, such as interstitial atoms, hinder the movement of disloca-

tions. Due to elastic interactions, carbon interstitials pose an energy barrier that the

dislocation needs to overcome for glide to take place. This behaviour was reproduced in

the simulations as the average glide velocity decreased significantly when a C interstitial

was placed at the dislocation core. Figure 5.10 shows the core position over time for a

dislocation with a C interstitial placed at the core. For EAM, the glide velocities were

nearly 4 times lower under 200MPa and 400MPa of applied shear stress and 3 times

higher under 600MPa when compared with glide velocities in pure Fe supercells.

The presence of the C interstitial in the dislocation core locks the dislocation, preventing

its movement. The result of applying shear stress depends on whether the forces driving

dislocation motion are sufficient to overcome the energy barrier that the interstitial poses.

If they are not, the dislocation will remain locked to the interstitial and glide will not

take place. This is the case for the ReaxFF prediction under 200MPa of applied shear
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stress, depicted by the flat blue line in figure 5.10b. Due to the inability to cross-slip, edge

dislocations cannot overcome obstacles effectively. Climb mechanisms are not operative

in this temperature range, so that the thermal assistance is required for the dislocation

to overcome the C interstitial.

For the simulations in which glide was observed, an established trend can be recognised.

To illustrate, consider the dislocation under σxy = 400MPa predicted by EAM, repre-

sented by the orange series in figure 5.10a and also presented in figure 5.10c. It can be

seen that for the first 90 ps of the simulation, the dislocation remained pinned by the C

interstitial, represented by the horizontal segment on the core position versus time plot.

The applied stress and the thermal assistance provided enough driving force to overcome

the obstacle, so that the dislocation breaks free and glides for 230 ps, passing the C inter-

stitial several times until it becomes pinned again for approximately 60 ps. This process

is repeated throughout the simulation with some fluctuations in the time the dislocation

spent pinned and the time spent gliding. The resulting average glide velocity is calculated

as 336m s−1, well below that calculated for the dislocation gliding in pure iron for the same

potential, 1,321m s−1. While in pure Fe, the free-flight velocity of the dislocation is high,

the average velocity of the dislocation in the presence of a C interstitial is significantly

lower. This can be explained by the long contact times between the dislocation and the C

atom, represented by the horizontal segments of the plots in figure 5.10. These segments

vary in length due to the random nature of thermally assisted processes. Under 400MPa

of applied stress, the dislocation spends more than 60% of the simulation pinned by the

C interstitial. Furthermore, once the dislocation breaks free from the obstacle, the glide

velocity calculated from the slopes of the lines fitted to the inclined segments of the plots

in figure 5.10c, are v1 = 767m s−1 and v2 = 1,171m s−1. These velocities are lower than

those calculated in pure Fe under the same loading conditions. This suggests that while

the dislocation glides at seemingly constant velocity, it becomes pinned by the interstitial

for short periods on every pass over the C interstitial. Some of these encounters are too

short to be resolved on the graph using the chosen simulation parameters. These contact

times must be shorter than 10 ps, the interval at which the core position was recorded.

Figure 5.10c shows that the step controlling the dislocation motion is the contact between

the dislocation and the C atom, as for the major part of the simulation the dislocation

remained locked to the C interstitial.
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Raising the applied stress to 600MPa reduces considerably the contact times with the

C interstitial, increasing the average glide velocity to 538 and 1,372m s−1, for EAM and

ReaxFF respectively. Dislocation-obstacle contact times are a function of the applied

stress and temperature. Any obstacle poses an energy barrier that the dislocation needs

to surmount in order to break free. At finite temperatures, the energy driving the dislo-

cation comes in the form of the mechanical work resulting from the applied stress, and

thermal assistance. At high applied stresses, the amount of energy provided by the for-

mer increases, reducing the thermal contribution needed to overcome the obstacle. From

figures 5.10a and 5.10b, it can be seen that under 600MPa of shear stress the dislocation

spends significantly less time pinned by the C interstitial, depicted by shorter horizontal

segments in the position-time plot, than under 400MPa load.

At lower temperatures, thermal assistance is less significant and the average glide velocity

is reduced because the dislocation’s ability to overcome the C interstitial is affected. As

a result, contact times are increased and average glide velocities reduced. This can be

seen in figure 5.11a, which shows the core position versus time for different temperatures

under 600MPa of applied shear stress. It can be seen that the main effect of reducing the

temperature is to increase the time the dislocation remains pinned by the C interstitial.

This is depicted by increase in length of the horizontal segments in the plots. At 500K, the

dislocation spent on average 60 ps pinned by the C interstitial before gliding. This time

was increased to approximately 120 ps by reducing the temperature to 300K. Further

reduction to 100K resulted in the dislocation remaining pinned for almost the entirety of

the simulation.

The effect of the temperature on the drag coefficient is presented in figure 5.11b. It

can be seen that, unlike the case of dislocation motion in pure Fe, the drag coefficient

decreases with temperature, suggesting that the mobility is enhanced by increasing the

temperature. This behaviour is consistent with the pulse experiments reported in the

literature on high purity Fe [172], discussed in the previous section. In fact, the drag

coefficient at 300K was calculated from the simulations as B = 4.49 × 10−4 Pa · s and

B = 3.21× 10−4 Pa · s for EAM and ReaxFF, respectively. These values are close to the

experimental one of 3.4 × 10−4 Pa · s [172]. This evidence supports the claim that the

dislocation mobility reported in experiments are dominated by the contact times between

the dislocation and any obstacle it encounters as it glides. The C content of the supercells

used in this simulations, 13 ppm, was comparable to the impurity content reported in the

pulse experiments, 43 ppm.
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Figure 5.11. a) Core position versus time for an edge dislocation in Fe-C under σxy =
600MPa for different temperatures using EAM potential. b) Effect of the
temperature in the drag coefficient.

5.2.3 Glide in Fe–H

In order to evaluate the effect of H on mobility of dislocations, it is necessary to apply

shear stress to an equilibrium configuration of the dislocation in the presence of H solutes.

Equilibrium was achieved by introducing H atoms to the PAD supercell and performing a

relaxation at the target temperature. The number of H atoms inserted in the simulations

was 25, 50, 100 and 250, corresponding to far-field concentrations C0 of 0.033, 0.066, 0.133

and 0.33 at.%, respectively. At the beginning of the simulations, H solutes were inserted

randomly, and a minimisation of the potential energy places them at the most favourable

sites in the lattice, e.g. tetrahedral interstitial sites. A relaxation at 500K allows H atoms
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to diffuse to the dislocation core, whose tensile stress field provides a strong driving force

for H migration, forming Cottrell atmospheres [80].

At equilibrium, the number of atoms arriving at the core should balance that of those

leaving it, and the total should remain constant or fluctuate around a constant value.

Figure 5.12a shows the number of H atoms at the dislocation core per unit length of

dislocation line, NH/LZ , predicted by the EAM potential. It can be seen that with a

concentration C0 = 0.33 at.%, equilibrium is reached within 10 ns of relaxation as the

number of H atoms present at the dislocation core fluctuates around 25 atoms/nm of dis-

location length2. Longer relaxation times have no appreciable effect on the number of

H atoms bound to the dislocation. When C0 = 0.133 at.%, the number of H atoms at

the dislocation core converges after 5 ns of relaxation, at around 11 atoms/nm. Similarly,

at lower concentrations, C0 = 0.066 at.% and C0 = 0.033 at.% equilibrium is reached

within 3 ns with 6 and 4 atoms/nm, respectively. Figure 5.12a suggests that the relax-

ation time needed depends on the concentration C0, with longer times needed for higher

concentrations.

This trend is also observed using the ReaxFF potential. However, the time needed for

equilibrium at the highest concentration was considerably larger than when using the

EAM potential. As shown in figure 5.12b, at C0 = 0.33 at.%, it takes approximately

22 ns for the number of H atoms at the dislocation core to reach a stable value. The

number of atoms at the dislocation core converges at approximately 70 atoms/nm, almost

double that using EAM, which partially explains the longer relaxation time needed to

reach equilibrium.

2The core of edge dislocations in BCC Fe shows moderate spreading in the glide plane and its radius
has been reported as 3b, where b = 0.74 nm [75]; thus, H atoms within that distance are considered to be
bound to the core.
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Figure 5.12. Number of H atoms at the dislocation core per unit length of dislocation
line, NH/Lz, for a) EAM and b) ReaxFF. NH/Lz plateaus at equilibrium.

For supercells at the highest concentrations, Cottrell clouds form as a result of the H

migration in the tensile stress field of the edge dislocation. This process can be observed in

figure 5.13. Initially, hydrogen solutes are randomly distributed through the supercell, and

the dislocation core is practically free of H solutes. As the relaxation continues, the high

temperature facilitates the diffusion of H atoms to the dislocation core. Having a positive

misfit volume, H atoms are attracted to the tensile side of the edge dislocation, in this

case the inferior side. While both potentials show this, there is a noticeable difference in

the distribution H atoms adopt around the dislocation core. For EAM, H atoms aggregate

diagonally, forming approximately 45◦ angles with the slip plane, as seen in figure 5.13b.

While this H aggregation occurs asymmetrically, with a pronounced aggregation at either

left or right of the dislocation line, it is likely that this is the consequence of the constant
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jumps of the dislocation line that results from the significant thermal assistance at 500K.

At times, an inverted V-shaped pattern is recognised, which is consistent with the ‘double

hump’ pattern reported with some Fe-H EAM potentials [173]. For the ReaxFF potential

(figures 5.13c and 5.13d), the aggregation to the dislocation core is compact and no

‘double hump’ pattern is observed. The predicted stress field around the dislocation

is nearly identical for both potentials, differing only quantitatively. This suggests that

the different H aggregation behaviour predicted by these two potentials arises from a

difference in the description of the H-H interactions. A similar behaviour was observed in

the supercells containing H solutes and a C interstitial at the dislocation core.

(a) EAM: 0 ns, 0.7 atoms/nm (b) EAM: 10 ns, 26.4 atoms/nm

(c) ReaxFF: 0 ns, 0 atoms/nm (d) ReaxFF: 25 ns, 71.4 atoms/nm

Figure 5.13. Hydrogen diffusion to dislocation core: a) and c) hydrogen solutes are ini-
tially distributed randomly through the supercell. b) and d) Hydrogen
atoms aggregate to the dislocation core, forming highly concentrated Cot-
trell clouds.
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Figure 5.14. (a) and b) Core position versus time for different H concentrations C0, for
σxy = 350MPa. c) Core position versus time for C0 = 0.066 at.% showing a
slow and a fast glide regimes, with the transition between them occurring at
t ≈ 2,400 ps and t ≈ 1,100 ps, for EAM and ReaxFF, respectively.
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Applying shear stress to the Fe-H supercells resulted in dislocation glide. However, cal-

culated glide velocities at a given applied shear stress are significantly lower than those

in the absence of H solutes. Figure 5.14 shows the dislocation core position over time

for different far-field H concentrations, C0, under 350MPa of applied shear stress pre-

dicted by EAM and ReaxFF. It can be seen that at the lowest concentration tested,

C0 = 0.033 at.%, the glide velocity is as high as that calculated for pure Fe, approximately

1,200 and 1,700m s−1, respectively for EAM and ReaxFF. At the higher concentrations,

C0 = 0.133 at.% and C0 = 0.33 at.%, the calculated glide velocities are 1.08 and 0.44m s−1

for EAM and 0.06 and 0m s−1 for ReaxFF. These velocities are three orders of magnitude

lower than those seen at lower H concentrations and in pure Fe, which suggests that a

different mechanism dominates the glide process.

Two different slopes can be seen in the core position versus time plot for C0 = 0.066 at.%

predicted by ReaxFF (blue series in figure 5.14b), and were also observed in the EAM

prediction for that concentration. These two plots are shown in figure 5.14c. The two

different slopes are indicative of a period of the simulation in which the dislocation glides

at low speed, followed by another in which it glides more rapidly, under the same applied

stress and far-field H concentration. From figure 5.14c, it can be seen that for the first

2,400 ps (for EAM) and 1,100 ps (for ReaxFF), the dislocation glides at a low velocity,

3.12 and 1.36m s−1, for EAM and ReaxFF, respectively. Then the dislocation suddenly

accelerates, gliding at 1192 and 1,707m s−1, respectively for EAM and ReaxFF. It is

evident that the high-velocity regime depicted by the steeper slopes correspond to free-

flight velocities and that dislocation motion is dominated by phonon drag (section 5.2.1),

as the calculated velocities are consistent with those observed in pure Fe. The low-speed

regime, on the other hand, is not that obvious. From figures 5.14a and 5.14b, it can be

seen that increasing the H concentration of the supercell shifts the dislocation motion from

the fast phonon drag regime to a much slower motion, as the glide velocity was reduced

several orders of magnitude by increasing C0 from 0.033 to 0.133 at.%. Furthermore, in

the low-speed regime, the glide velocity decreases as the H concentration is increased;

increasing C0 from 0.066 to 0.133 at.% led to a reduction of the calculated glide velocities

from 3.12 to 1.08m s−1 and from 1.36 to 0.06m s−1, respectively for EAM and ReaxFF.

These traits are indicative of the solute drag mechanism, in which dislocation motion is

controlled by the diffusion of the solutes. Solute atoms exert a drag force on the gliding

dislocation because when the dislocation moves, the solute atmosphere is no longer in

the lowest energy position. If the force driving dislocation motion is lower than this drag

force (in the absence of thermal activation), the dislocation will not be able to break free

from the solute atmosphere and motion can only occur by dragging the solute atoms, a

process controlled by diffusion. For a dislocation gliding at low speed in the presence of

(non-core) solute atoms, the relationship between the glide velocity and the shear stress

needed to sustain the motion is given by [170]
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σxy =
vC0β

2

DbkT
ln
R

r0
(5.6)

where σxy is the applied shear stress, v is the glide velocity, C0 is the far-field solute

concentration, β is a material parameter describing the interaction between the solute

and the dislocation, D is the bulk diffusion coefficient, k is the Boltzmann constant, T is

the temperature, R is the distance between dislocations and r0 is a cut-off radius for the

dislocation core. Since all the terms in equation (5.6) aside from σxy and v are constant,

a linear relationship between v and σxy is predicted at low glide velocities. Furthermore,

equation (5.6) also shows that the far-field concentration C0 is inversely proportional to

the glide velocity. These features are observed in the plots shown in figure 5.14 and can be

more clearly seen by plotting the glide velocity in the solute drag regime as a function of the

applied stress, as shown in figure 5.15. For both potentials the drag coefficient B is several

orders of magnitude larger in Fe-H than it is in pure Fe (at 500K, B = 2.93 × 10−5 Pa s

for EAM and B = 6.52 × 10−5 Pa s for ReaxFF). This marked difference supports the

idea that two different mechanisms control the glide process; in pure Fe, B is controlled

by phonon drag while in Fe-H B is control by solute drag. Moreover, figure 5.15 shows a

linear relationship between B and C0, as increasing C0 an order of magnitude resulted in

a similar increment in B, in agreement with equation (5.6).

The dependence of the drag coefficient on the far-field hydrogen concentration is shown in

figure 5.16. For the ReaxFF prediction at the highest concentration, C0 = 0.33 at.%, glide

did not take place even under applied shear stresses as high as 1,500MPa, as illustrated by

the horizontal yellow line in figure 5.15b. This was the result of a highly concentrated H

cloud pinning the dislocation and impeding dislocation motion. For this reason, that data

point was not included in figure 5.16. For the rest of the simulations, the drag coefficient

varied linearly with the concentration and is described by equations

B = 0.477C0 − 6.715× 10−5, 0.033 ≤ C0 ≤ 0.33 (at.%) (5.7)

for EAM, and

B = 1.238C0 − 3.509× 10−2, 0.033 ≤ C0 ≤ 0.133 (at.%) (5.8)

for ReaxFF. Where B is the drag coefficient in Pa·s, and C0 is the far-field H concentration

in at.%. While the drag coefficients given by equations (5.7) and (5.8) are quantitatively

different, they predict qualitatively the same outcome: reduced dislocation motion due

to solute drag. Reduced dislocation motion can be interpreted as a form of hardening

caused by H charging as has been in reported in the literature [54].
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Figure 5.15. Dependance of the glide velocity with applied shear stress in the solute drag
regime for EAM and ReaxFF.
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Snapshots of the glide process, presented in figure 5.17, confirm the presence of the two

different glide mechanisms discussed earlier. The glide plane normal, the [1 1 0] direc-

tion, is shown perpendicular to the plane of the page and the glide direction, the [1 1 1]

direction, from left to right. The dislocation line and H atoms are displayed in green

and blue, respectively, and Fe atoms have been removed from the visualisation. At the

beginning of the simulation the dislocation line, whose initial position is x = 14.59 nm,

is surrounded by a number of H atoms forming Cottrell clouds, as shown in figure 5.17a.

The concentrated solute atmosphere locks the dislocation due to the attractive nature of

the solute-dislocation interactions, and opposes dislocation movement. As the simulation

progresses, the applied shear stress drives the dislocation forward, and thermal fluctu-

ations help a portion of the dislocation line to overcome the opposing force, as can be

seen in figure 5.17b. This configuration is energetically unfavourable as the dislocation

strain energy increases with longer dislocation lines, which results in the portion of the

dislocation line left behind catching up the rest. This process is similar to the kink-pair

nucleation mechanism [174] in which two kinks are formed to overcome the Peierls barrier.

At 500K, H diffusion is fast enough for H solutes to diffuse to the dislocation core and

establish the lock again, resulting in the configuration presented in figure 5.17c. Further

advance of the dislocation line takes places by repeating this process and corresponds to

the slow-speed regime discussed before. Diffusion does not seem occur at a high enough

rate to match the dislocation glide, so that after 1,060 ps the number of H atoms at the

dislocation core is considerably lower that it was at the beginning of the simulation, as

can be seen in figure 5.17d. The significant thermal assistance allows the dislocation

to overcome the depleted H cloud and to break free (figure 5.17e). The dislocation then

glides to the end of the supercell and is reinserted on the left-hand side due to the periodic

boundary conditions for the simulation, as shown in figure 5.17f. Free from the H solute

atmosphere, the dislocation glides at velocities comparable to those calculated in the pure

iron simulations as there is little impediment to dislocation motion, suggesting that the

viscous drag mechanism is operative. The snapshots presented in figure 5.17 show that

the motion of edge dislocations in the presence of H solutes is dominated by solute drag

(figures 5.17a to 5.17d) at high H concentrations and by viscous drag (figure 5.17f) at low

H concentrations.
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(a) t = 0ps, x = 14.59 nm

(b) t = 200 ps, x = 15.46 nm

(c) t = 400 ps, x = 15.50 nm

(d) t = 1,060 ps, x = 16.49 nm

(e) t = 1,120 ps, x = 17.53 nm

(f) t = 1,150 ps, x = 28.75 nm

Figure 5.17. Snapshots of the glide process for an edge dislocation in the presence of H
solutes. Two regimes can be seen: solute drag (a-d) and free-flight glide
(f). The dislocation line and H atoms are displayed in green and blue,
respectively. Fe atoms have been removed from the visualisation.

5.2.4 Glide in Fe-C-H

Dislocation mobility was severely reduced by the presence of H atoms when the dislocation

was initially pinned by a C interstitial. If compared with the glide in the Fe-C scenario

(section 5.2.2), the average glide velocity was consistently lower when H atoms were

present. In many cases, the dislocation did not glide and remained pinned to the C

interstitial for the entirety of the simulation. For instance, when applying 600MPa of

shear stress to the supercell with the lowest H concentration tested (0.033 at.%), the

dislocation was unable to overcome the C interstitial. Even when applying this level of

stress for 5 ns, dislocation glide was not observed. On the other hand, the dislocation
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glided readily in the H-free supercell with an average glide velocity of 1,520m s−1 under

the same applied load. This reduction in mobility resulting from the addition of H solutes

is shown in figure 5.18a. Higher applied stresses were needed for dislocation glide when H

was present. At this concentration, 700MPa were sufficient to overcome the C interstitial,

resulting in an average glide velocity of 905m s−1. Once the dislocation breaks free from

the C interstitial, glide occurs in a similar manner to that of glide in absence of H: the

dislocation becomes pinned by the C atom for a brief period every time it passes over

the C interstitial and the average glide velocity is mostly dependent on the contact times

of the dislocation with the C atom. The H atmosphere is dissolved once the dislocation

glides fast enough for H solutes to keep up, which explains why, as it occurs in the absence

of H solutes, the C-dislocation contact times dominate the glide process. Furthermore,

because 700MPa is sufficient to overcome the H cloud, increasing the applied stress has a

similar effect to that of the H-free scenario, that is, the average glide velocity is increased

due to the reduction the contact times of the dislocation and the C interstitial. This

behaviour is shown in figure 5.18b.

The stress at which the dislocation becomes unpinned by the C interstitial increases with

the H concentration. Figure 5.19 shows the core position versus time for the different

concentrations tested and at the lowest stress under which glide was observed within

1 ns of simulation (except for C0 = 0at.%, which is shown at 600MPa). As discussed

previously, when hydrogen is not present in the supercell, the C interstitial poses little

resistance to dislocation glide, so that under 600MPa of applied shear stress the dislo-

cation glides readily. When 0.033 at.% of H solutes were present in the supercell, the

stress needed to initiate glide was 700MPa. This value was increased to 1,200MPa by

increasing the H concentration to 0.066 at.%. Furthermore, with a H concentration of

0.133 at.%, 1,800MPa was needed for the dislocation to break free from the C interstitial.

Finally, at the highest concentration, 0.33 at.%, no glide was observed under applied shear

stresses as high as 2,000MPa. While glide is certainly possible under these conditions,

it would require longer simulation times due to the random nature of thermally assisted

processes. The time scale needed to capture this process seems to be beyond the current

computational resource available.
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Figure 5.18. Effect of adding 0.033 at.% of H on the mobility of an edge dislocation pinned
by a C interstitial. a) Dislocation glide is prevented by the presence of
hydrogen solutes, when applying 600MPa of shear stress. b) The average
glide velocity increases with the applied shear stress.
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Figure 5.19. Effect of the H concentration on the glide stress and mobility when a C
interstitial is present. Increasing the H concentration leads to higher required
stresses to overcome the C interstitial and lower average glide velocities.
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The observed reduction of the dislocation mobility is likely to be caused by the interaction

between the H-cloud and the C interstitial. The presence of these obstacles alone, while

detrimental to dislocation mobility, has a considerably smaller impact on mobility than

when acting in synergy with H solutes. To illustrate, consider the motion of a dislocation

under the same applied load in the presence of these three defects, namely, a C interstitial,

a H cloud and both of them simultaneously, as shown in figure 5.20. It can be seen that

under these simulation conditions, glide occurs when either of these defects are present but

not when both of them are. When surrounded by the H cloud, the dislocation can glide at

a constant velocity under solute drag conditions. However, when both H solutes and the

C interstitial are present, glide is impeded. While solute drag can also be possible with C

atoms, its diffusion in Fe is several orders of magnitude slower than that of H [175, 176].

This suggests that dislocation motion in the Fe-C-H scenario will be significantly slower

and would require timescales in the order of microseconds to be captured by simulation.

For this reason, a drag coefficient could not be calculated as it was done in sections 5.2.1,

5.2.2 and 5.2.3. Figures 5.18 to 5.20 suggest that hydrogen is unlikely to facilitate the

movement of edge dislocations through a field of obstacles. Conversely, the presence of H

solutes reduces the ability of the dislocation to overcome the C interstitial, as the stress

needed for glide to be observed increases with the H concentration.
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Figure 5.20. Core position versus time under 600MPa of applied shear stress for a dislo-
cation pinned by a C interstitial (C), a cloud of solute H atoms (H cloud)
and both of them (C + H cloud).

The mechanism through which the dislocation overcomes the C interstitial in the presence

of hydrogen is similar to that found in the absence of H. In both cases, the dislocation

initially consists of a practically straight segment with the C interstitial sitting in the

middle of the dislocation line. When H solutes are present, they sit along the entire length

of the dislocation line, as shown in figures 5.21a and 5.22a. For the H-free scenario, the
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dislocation commences its motion finding as its main opposition the drag force caused

by the C interstitial, effectively pinning a portion of the dislocation line. Due to the

applied stress, the dislocation line bows out, so that there is a line tension acting against

the increase of curvature of the dislocation line. If the combination of applied stress

and thermal assistance is large enough to overcome these forces, the dislocation is able

to overcome the C interstitial and glide freely until it encounters the C atom again.

Otherwise, the dislocation will remain pinned to the C interstitial for the rest of simulation.

When H is present, the glide process is similar, however, the presence of H produces extra

drag force due to solute drag. Furthermore, as can be seen in figure 5.22b, H solutes,

initially distributed somewhat evenly at both sides of the C interstitial, seem to diffuse

asymmetrically along the dislocation line when it bows out and prefer to sit at one side

of the C interstitial. This leads to the formation of a H-rich portion of the dislocation

line. This small H cluster could pose extra resistance to dislocation motion, contributing

to the increase in glide stress and reduction of average glide velocity when both C and

H solutes are present in the supercell. The formation of hydrogen clusters in a bowing

dislocation have been predicted theoretically and through atomistic simulation [24, 177].

(a) t = 0ps, x = 12.89 nm

(b) t = 90ps, x = 13.24 nm

(c) t = 100 ps, x = 13.82 nm

Figure 5.21. Snapshots of the glide process for an edge dislocation initially pinned by
a C interstitial under 400MPa of applied shear stress. a) Initially, the C
interstitial sits in the middle of the straight dislocation line. b) Under applied
stress, the dislocation bows out as the C interstitial pins a segment of the
dislocation. c) The applied stress and the thermal assistance are sufficient
to overcome the drag posed by the C interstitial.
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(a) t = 0ps, x = 12.88 nm

(b) t = 600 ps, x = 13.13 nm

(c) t = 630 ps, x = 15.08 nm

Figure 5.22. Snapshots of the glide process for an edge dislocation initially pinned by a
C interstitial in the presence of H solutes under 1,700MPa of applied shear
stress. a) Initially, H atoms are distributed along the straight dislocation
line. b) Under stress, the dislocation bows out and H solutes accumulate at
one side of the C interstitial. c) The applied stress and the thermal assistance
are sufficient to overcome the drag posed by the C and H solutes.

5.3 Discussion

5.3.1 H aggregation to the dislocation core

H atoms, initially distributed randomly throughout the supercell, are attracted to the

dislocation core due to the elastic interaction with the tensile stress field, resulting in the

formation of a highly dense H cloud. While this was reproduced by both EAM and ReaxFF

potentials, as shown in figure 5.13, there is a visible difference in the hydrogen distribution.

As discussed in section 5.2.3, an inverted ‘V- shaped’ pattern can be distinguished at

times, and this is consistent with the ‘double hump’ pattern reported in other EAM

potentials [173]. The hydrogen cloud in the ReaxFF prediction is considerably more

compact than that of EAM; it is formed by more H atoms and it is less spread out.

A possible explanation for this could be that given by Cui et al. [173]. They studied

the equilibrium H distribution around an edge dislocation using Grand Canonical Monte

Carlo (GCMC) simulations and Density Functional Theory (DFT) calculations. In their

work, they concluded that is the strong H-H interactions, particularly from the 3rd and

4th nearest neighbour on octahedral sites, which dominate the growth of the cluster, as

opposed to the elastic interaction of the H atoms with the dislocation pressure field. This

was supported by DFT as well as Molecular Statistics (MS) calculations of the binding

energies for different H-H pairs, showing very strong attractive interactions between a

H atom and its 3rd nearest neighbour in a octahedral site (3NNOS) and its 4th nearest
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neighbour in a octahedral site (4NNOS)3. These interactions are also present in the EAM

potential used in this work. As discussed by Cui et al. [173], if the growth of the cluster

takes place by the incorporation of the 3NNOS, the cluster would grow tridimensionally on

any of the 8 equivalent ⟨1 1 1⟩ directions, explaining the appearance of the ‘double hump

pattern’. Similar examination of the binding energies of H-H pairs using the ReaxFF

potential reveals strong attraction not only with the 3rd and 4th nearest octahedral

neighbours but also with the 2nd. The binding energies were found to be 0.19, 0.28

and 0.27 eV, for 2NNOS, 3NNOS and 4NNOS, respectively. For other octahedral pairs,

the binding energies were found to be negative. If the H atoms are incorporated via the

2NNOS and 3NNOS, the H cluster will grow in ⟨1 1 0⟩ and ⟨1 1 1⟩ directions, suggesting
that tridimensional growth is also possible. Furthermore, it also means that the possible

lattice sites available for incorporating H atoms are doubled, as there are 8 each of 2NNOS

and 3NNOS for a given octahedral site. This would explain the higher density of the H

cloud in the ReaxFF prediction when compared to that of EAM. Examination of the

interatomic distances of the H atoms in the H cloud that forms in the dislocation shown

in figure 5.13d reveals that H atoms occupy 2nd and 3rd nearest neighbouring sites.

The number of H atoms taking part in the H cloud at the dislocation core differs between

both potentials, with the ReaxFF potential having nearly double the number of atoms

than EAM. This noticeable difference can be explained by looking into the H clustering

process. As discussed by Hou et al. [180, 181], there is a critical H concentration un-

der which spontaneous cluster growth (self-clustering) is possible and its value depends

the nature of the H-H interactions of the cluster. For instance, for a cluster consisting

of a (1 1 0) monolayer constructed by repeatedly incorporating 3NNOS, the critical H

concentration has been reported as 34 appm at 300K [173]. This value is expected to

increase with temperature, as the entropic effect favouring the dissociation of H atoms

from the cluster becomes significant at higher temperatures. For the temperature used

in our simulations, the critical H concentration for the same type of cluster corresponds

to 2,079 appm. The H concentrations used in the simulations presented here ranged from

332 to 3,320 appm and self-clustering was only observed in the supercells with the highest

concentration, which is just above the critical value. The cluster growth was mild in the

case of the EAM prediction, which is expected as H concentration around the H cluster

quickly falls below the critical value due to the H depletion of the supercell. For ReaxFF,

the strong 2NNOS binding energy suggests that the H critical concentration predicted

by this potential is lower than that of EAM. Self clustering is possible when the average

binding energy of the H cluster with a hydrogen atom is large enough to overcome entropy

effects favouring dissociation. Because the average binding energy increases with the size

of the H cluster, there is a critical cluster size (‘critical nucleus size’ as referred to by Hou

3While it is known that in perfect body-centred cubic Fe, hydrogen dissolves into tetrahedral sites,
the trapping preference can be changed to octahedral sites under shear strain [178, 179]. Shear stresses,
as high as 5GPa, can be found around the dislocation core, as shown in figure 5.5, supporting the idea
that H aggregation takes place via the occupation of octahedral nearest neighbours.
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et al. [180]) at which self clustering can take place. The strong attractive interactions of

a H atom and its 2NNOS are likely to increase the rate at which the average binding en-

ergy increases with the cluster size so that the critical size (and critical H concentration)

for self clustering is reduced. As a result, the H cluster in the ReaxFF prediction can

continue to grow for longer and larger than that of EAM before it depletes of H atoms,

as depicted in figure 5.12b. The strong attraction between a H atom and its 2NNOS is in

disagreement with DFT calculations [173], which show that only the 3NNOS and 4NNOS

are attractive pairs.

5.3.2 Effect of H solutes on dislocation-C interactions

The main effect of introducing H to the supercell containing a dislocation pinned by a C

interstitial is the increase in the minimum glide stress and reduction of the average glide

velocity, as shown by figure 5.19. This behaviour is an indication of hydrogen-induced

hardening which conflicts the HELP theory. For softening to occur, H solutes should

reduce the stress needed to unpin the dislocation from the C interstitial, which would

require that the interaction energy of the dislocation with the C-H complex be lower than

with the C interstitial. The interaction energy could be reduced if the misfit volume of

the C-H complex is lower than that of the C interstitial alone, which depends on whether

H atoms bind to the C interstitial at the dislocation core. Simulations presented in this

work suggest that this is not the case. Furthermore, similar behaviour is found for C-H

complexes in fcc Ni [151]. DFT calculations indicate that the interaction energy of C

and H in Ni is repulsive and that their change in misfit volume is negligible, suggesting

that H is unlikely to cause softening via the modification of the pinning behaviour in

dislocations. Nevertheless, it is possible that in bcc Fe, C and H have an attractive

interaction when both of them occupy octahedral sites. As discussed before, H solutes

could sit in octahedral interstitial under shear stress, and this scenario has not been

investigated. The increase of mobility via the reduction of the misfit volume could be

viable for other point defects, such as vacancies, as they form stable complexes with H

and the presence of H solutes can ease the formation of vacancies [182, 183].

Another possible factor preventing softening via the modification of dislocation-obstacle

interactions is what happens when a dislocation bows out when pinned in the presence

of H solutes. Theoretical formulations and atomistic simulations suggests that presence

of H solutes on a bowing dislocation results in the formation of secondary pinning points

consisting of H clusters [24, 177]. When pinned, a 1
2
[1 1 1](1 1 0) dislocation in bcc Fe

bows out asymmetrically, consisting of a 70◦ and 45◦ segments that are connected via

an intermediate edge segment. H diffusion along the dislocation line is not uniform, as

H atoms can diffuse more easily along the 70◦ segment while diffusion along the 45◦

segment is difficult. This causes a local increase in the concentration of H atoms along

the dislocation line which results in the formation of a cluster that acts as an additional

pinning point. This mechanism is consistent with the increase in the stress needed for
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dislocation glide shown in figure 5.19 and with the self-clustering discussed in the previous

subsection.

5.4 Conclusions

The following conclusions can be drawn from the simulations of dislocation glide using

the periodic array of dislocation (PAD) model.

In the absence of hydrogen:

• For pure Fe, dislocation glide obeyed viscous drag dynamics. In this regime, the

velocity was proportional to the applied stress. The measured velocity corresponded

to the free-flight of the dislocation as there was little resistance to dislocation motion,

which came from lattice vibrations. Phonon drag increases with temperature as

lattice vibrations are more numerous, which resulted in lower velocity. The variation

of the drag coefficient with temperature could be described byB(T ) = 6.48×10−8T+

3.24×10−5 and B(T ) = 4.11×10−8T+9.3×10−5, respectively for EAM and ReaxFF.

• In the presence of a C interstitial, average glide velocities were significantly lower

than those in pure Fe. Dislocation motion was controlled by contact times between

the dislocation and the C atom, a thermally assisted process. Unlike glide in pure Fe,

increasing the temperature resulted in more thermal assistance for the dislocation to

overcome the C interstitial, which led to reduced contact times and higher average

velocities. The variation of the drag coefficient with temperature was given by

B(T ) = −3.22 × 10−6T + 1.68 × 10−9 and B(T ) = −2.78 × 10−6 + 1.35 × 10−3,

respectively for EAM and ReaxFF.

In the presence of H solutes:

• The presence of hydrogen solutes had a significant impact on the glide velocity.

At high enough H concentrations, Cottrell clouds at the dislocation core formed,

hindering its mobility. In these conditions, dislocation glide was significantly slower

than that in pure Fe and was controlled by solute drag, the drag force resulting

from the recursive pinning and unpinning of H solutes as the dislocation moves. In

the solute drag regime, dislocation glide is limited by the diffusion of the H solutes.

Consequently, increasing the H concentration resulted in greater drag on the moving

dislocation. The relationship between the drag coefficient and the H concentration

is B(C0) = 0.48C0− 6.71× 10−5 and B(C0) = 1.24C0− 3.51× 10−2, respectively for

EAM and ReaxFF.

• In the presence of a C interstitial and H solutes, dislocation mobility was prevented.

The reduction in mobility was attributed to the combined pinning effects of the

C and H solutes. Solute drag was not observed as C has limited diffusivity in Fe

under the conditions tested, which locked the dislocation. Dislocation motion was
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only possible when the dislocation became unpinned from the C interstitial, which

required higher shear stresses when H solutes were present.

These simulations suggest that it is unlikely that hydrogen enhances dislocation glide.

On the contrary, hydrogen greatly reduced glide velocity and increased dislocation–C

interstitial contact times.
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Chapter 6

Hydrogen Effects on Fracture

Since it was first identified by Johnson in the late 18th century [2], great effort has been

devoted to a better understanding of the detrimental effect of hydrogen in metals and

alloys. Yet, the mechanisms by which hydrogen embrittles most metallic materials remain

unclear. Some of the models most often cited to rationalise experimental observations

of hydrogen embrittlement of steel are Hydrogen Enhanced Decohesion (HEDE) [3, 4,

43], Hydrogen Enhanced Localised Plasticity (HELP) [5, 6, 53] and Adsorption Induced

Dislocation Emission [8, 18, 62]. The HEDE model proposes that hydrogen reduces the

cohesive strength of the lattice so that cleavage fracture can occur at lower stress than

in absence of hydrogen. HEDE is usually quoted to explain hydrogen embrittlement

failure with featureless fracture surfaces [25, 49, 50]. The HELP model attributes the

weakening effect of hydrogen to increased localised plasticity occurring ahead of the crack

tip which results in subcritical crack growth. HELP is used to explain ductile hydrogen

related failure; dimpled fracture surfaces and extensive slip bands are usually considered

an indication that the HELP mechanism is operative [26, 184].

For HEDE and HELP, diffusion of hydrogen to regions ahead of the crack tip is required.

Hydrogen aggregation in sufficient quantities is needed to achieve a significant cohesive

strength reduction for HEDE, and localised plasticity for HELP. While it is clear that

hydrogen embrittlement occurs extensively when hydrogen can diffuse readily, hydrogen

damage has also been observed in conditions where diffusion is limited. For instance,

under conditions where the crack velocity is high compared with the diffusion coefficient

of hydrogen, subcritical crack growth with ductile features has been reported [8, 62].

These observations suggest that a different mechanism might be operative.

The AIDE mechanism is less commonly referred to when explaining hydrogen embrittle-

ment phenomena compared with HEDE and HELP. It proposes that the role of hydrogen

is to facilitate the emission of dislocations from the crack tip in slip planes oriented

favourably for crack growth [8, 18, 62]. Unlike the two mechanisms described above,

AIDE proposes that hydrogen adsorbed on the crack surfaces, as opposed to hydrogen
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absorbed into the bulk, is responsible for the enhanced crack growth.

These 3 mechanisms have supporting and contradictory evidence, and it is possible that

they operate under different conditions with possible overlaps e.g. HEDE and HELP

might be operative at higher diffusible hydrogen concentrations and AIDE when most

hydrogen is found on the crack surfaces. Unfortunately, there are no techniques allowing

direct observation of hydrogen and atomic scale crack tip events in bulk materials, so

that identifying crack tip conditions in which each of these mechanisms may operate is

difficult.

Molecular dynamics simulations offer the possibility to elucidate the deformation events

occurring at the atomic scale that cannot be studied otherwise. The crack tip can be

examined using identification algorithms that reveal microstructural defects in regions

around the crack tip. Based on the evolution of the crack tip events, the viability of the

mechanisms described above can be evaluated. In this chapter, fracture simulations of an

atomically sharp crack have been performed to study the role of hydrogen in the fracture

process of Fe.

6.1 K-Controlled Fracture

In K-controlled simulations, the goal is to study the fracture behaviour in the region

near the crack tip, in which stresses and strains are only a function of the stress intensity

factor K. The value of K at which crack extension takes place is a measure of the fracture

toughness. To illustrate this simulation approach, consider an edge crack in an isotropic

linear elastic solid with the origin centred at the crack tip, as shown in Fig. 6.1. General

solutions for the stress field anywhere in the body can be found in the literature [185–188].

For a semi-infinite crack as the one shown in Fig. 6.1, the stresses are given by

σij =
K√
2πr

fij (θ) +
∞∑

m=0

Amr
m
2 h

(m)
ij (θ) (6.1)

where K is the stress intensity factor and fij is a dimensionless function of the θ in the

leading term. Am is the amplitude for the mth term and hij is a dimensionless function

of θ. The higher order terms depend on geometry and define the stresses far away from

the crack tip, where r → ∞. Close to the crack tip, as r → 0, the leading term tends

to infinity while the other terms remain finite or approach zero. Sufficiently close to the

crack tip, the stresses are given by [189] (for mode I loading):

σxx =
KI√
2πr

cos

(
θ

2

)[
1− sin

(
θ

2

)
sin

(
3θ

2

)]
(6.2)
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Figure 6.1. Semi infinite crack geometry used in K-controlled fracture simulations.

σyy =
KI√
2πr
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(6.3)

τxy =
KI√
2πr

cos

(
θ

2

)
sin

(
θ

2

)
cos

(
3θ

2

)
(6.4)

σzz = ν (σxx + σyy) (Plane strain) (6.5)

τxz = τyz = 0 (6.6)

where θ and r are the polar coordinates defining the position, ν is the Poisson’s ratio, and

KI is the stress intensity factor for mode I loading. It can be seen that the stresses are

proportional to 1/
√
r, so that a stress singularity is produced at r = 0. Equations (6.2)

to (6.6) are only valid at near the crack tip, in the K-dominant zone or singularity domi-

nated zone, where the leading term in equation (6.1) dominates. This region is shown in

blue in Fig. 6.1. In this region, the stresses and displacements depend only on the stress

intensity factor, so that K is the only variable defining the crack tip conditions. The
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stresses and strains in the K-dominant region of two bodies with different crack configu-

rations and under different loads (of the same mode), but otherwise identical, will be the

same if their stress intensity factors are equal.

The 1/
√
r singularity results in infinite stresses being predicted at r = 0; however, real

materials cannot withstand infinite stresses. The stresses at the crack tip are finite because

the crack tip radius is finite (even for atomically sharp cracks), and because inelastic

behaviour (plasticity in metals) help to relax crack tip stresses. For ductile materials,

when the stresses exceed the strength of the material, yielding occurs, which leads to

non-linear behaviour. For this reason, equations (6.2) to (6.9) do not describe the crack

tip conditions in the plastic zone, the region around the crack tip where plastic deformation

takes place. This region is shown in green in Fig. 6.1. However, as long as the plastic zone

is contained within the K-dominant zone, K still uniquely characterises the conditions at

the crack tip. This scenario, referred to as small-scale yielding, is illustrated in Fig. 6.1.

An initial estimation of the size of the plastic zone rpz can be obtained by equating σyy

to the yield strength of the material σyield in equation (6.3) with θ = 0

rpz =
1

2π

(
KI

σyield

)2

(6.7)

Since equation (6.7) is based on the elastic crack tip solution, the size of the plastic zone is

underestimated. This is because stresses in an elastic-plastic material cannot exceed the

yield strength, so a larger plastic zone is needed to accommodate the same level of stress.

A more accurate second-order estimate takes this into account, resulting in a plastic zone

twice as large than that predicted by equation (6.7).

It is possible to control KI by applying a displacement field corresponding to the desired

value of KI (if a closed form for the geometry used is available). For the semi-infinite

crack shown in Fig. 6.1, the displacements are given by equations (6.8) and (6.9) [189]:

ux =
KI

2G

√
r

2π
cos

(
θ

2

)[
κ− 1 + 2 sin2

(
θ

2

)]
(6.8)

uy =
KI

2G

√
r

2π
sin

(
θ

2

)[
κ+ 1− 2 cos2

(
θ

2

)]
(6.9)

where G is the shear modulus and κ = 3−4ν. Equations (6.8) and (6.9) assume isotropic

elasticity. However, iron single crystals and other materials often used in atomistic simula-

tions are elastically anisotropic. Therefore, anisotropic treatment is necessary to correctly

apply the displacement field for accurate control of K. The anisotropic solution of elas-

ticity equations makes use of the Stroh formalism [190]. The displacement field in the
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K-dominant zone is given by equation (6.10) [119, 191]

u = KI

√
2r

π
Re

{
A ⟨cos θ + vα sin θ⟩B−1

}
(6.10)

where Re {} stands for “the real part of”. Equation (6.10) shows that in order to compute

the displacement vector of an atom u, three quantities, namely, vα, A and B are needed.

A discussion on how these quantities can be computed is provided in appendix B.

6.2 Simulation Methodology

Molecular dynamics simulations using the K-controlled fracture approach, described in

the previous section, were conducted. The crack was created as follows: A Fe single

crystal with four different groups of atoms was created, as showed in Fig. 6.2. Atoms

in the outermost region of the simulation supercell are boundary atoms (blue) and they

are used to control the applied K. The equations of motion of these atoms will not

be integrated, as their position is solely prescribed by equation (6.10). The rest of the

atoms (red, grey and yellow), contained within a radius rmobile, are mobile atoms and their

positions will be integrated using molecular dynamics. The size of the supercell can be

characterised by the radius of the region containing the mobile atoms, rmobile, measured

from the crack tip. The EAM potential developed by Ramasubramaniam et al. [13, 14]

was used to describe the Fe–H interactions.

In order to prevent spontaneous closure of the crack caused by the attractive interaction

of the atoms on opposite crack surfaces, the ‘screening’ technique [119] has been used.

This technique consists on deleting the interatomic interactions of atoms on the crack

surfaces (grey and yellow) with atoms on opposite crack surfaces. The side effects of

using screening technique are minor compared with those of alternative ways to create

the crack (e.g removing atoms to create a crack) [119].

Three crack orientations, namely the (1 1 1)[1 1 2], (1 1 1)[1 1 0] and (1 0 0)[0 1 0] were stud-

ied. They relate to figure 6.2 as shown in table 6.1. Simulations were carried out at 500K

to increase the mobility of H solutes and reduce the time needed for the simulations.

The displacement corresponding to KI = 0.8MPa
√
m was initially applied to all atoms

to create the crack. This value of KI was chosen in order to avoid crack growth or any

plastic deformation. H atoms were introduced at a rate of 1 atom/ps at the surfaces of the

crack to simulate the hydrogen environment. After 50 hydrogen atoms were introduced

in the supercell, the system was allowed to relaxed for 500 ps using the NVT ensemble

with a timestep of 0.4 fs. Simulations were performed with H concentrations C0 ranging

from 0.14 to 1.45 at.%, not including boundary atoms. For the pure Fe simulations, the

system was equilibrated for 50 ps. In order to apply the load, atoms in the boundary
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region are displaced according to the anisotropic displacement solution and the value of

KI is increased by 0.01MPa
√
m every 1 ns. The elevated temperature and the rapid dif-

fusion of hydrogen in Fe provide sufficient time for the relaxation of H atoms between K

increments. As KI increases, deformation takes place in the supercell, which can be in

the form of cleavage, dislocation emission or twinning.

Figure 6.2. Typical supercell used for fracture simulations. Boundary atoms (blue) are
used to apply the displacement corresponding to desired KI value. Mobile
atoms (red, grey and yellow) follow Newtonian mechanics. Interactions be-
tween opposite crack surface atoms (yellow and grey) have been deleted to
prevent spontaneous closure of the crack tip (screening technique).

Crack Crack plane Crack growth direction Crack front

orientation x y z

(1 1 1)[1 1 2] (1 1 1) [1 1 2] [1 1 0]

(1 1 1)[1 1 0] (1 1 1) [1 1 0] [1 1 2]

(1 0 0)[0 1 0] (1 0 0) [0 1 0] [0 0 1]

Table 6.1. Crack orientations used for K-controlled simulations.

6.2.1 Size optimization

As mentioned in section 6.1, small-scale yielding conditions (plastic zone contained within

the K-dominant zone) are needed to obtain meaningful fracture behaviour from K-

controlled simulations. To achieve this, it is necessary that all plastic behaviour occurring

at the crack tip takes place within the simulation domain. As discussed in section 6.1,

the size of the plastic zone depends on the applied K and the yield strength of the ma-

terial. Using the second-order approximation (twice rpz computed in equation (6.7)), for

KI = 3MPa
√
m and σyield = 20GPa1, the radius of the plastic zone is rpz = 7.2 nm. This

1It was shown in section 4.2.1 that σyield for an Fe single crystal when loaded on the [1 1 1] direction
fluctuates by approximately 20GPa for strain rates below 1× 109 s−1.
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value is an estimate of the minimum size of the supercell.

Simulations on pure Fe supercells with different sizes were carried out in order to test the

dependence of the crack tip behaviour with the simulation box size. Orientations chosen

for these set of simulations were the (1 0 0)[0 1 0] and (1 1 1)[1 1 0]. In these orientations,

crack growth takes place due to cleavage and dislocation emission, respectively, allowing

us to examine the size effects for two of the main crack growth mechanisms in Fe. Details

of the supercells used in these simulations are shown in tables 6.2 and 6.3. The sizes of

these supercells range from Lx = 10 nm to Lx = 50 nm, where Lx is the nominal size of

the supercell in the x (crack growth) direction. These supercell sizes are large enough

to contain the plastic zone predicted by equation (6.7). The radius of the mobile region,

defined in the previous section, of the smallest supercell rmobile = 4.5 nm is larger than

the predicted size of the plastic zone even for the smallest of the supercells.

No. Lx × Ly × Lz, nm
3 rmobile, nm atoms KI,MPa

√
m at event

1 10× 10× 1.5 4.5 23,500 1.29
2 20× 20× 1.5 9 48,000 1.31
3 30× 30× 1.5 13.5 108,336 1.36
4 40× 40× 1.5 18 196,000 1.37
5 50× 50× 1.5 22.5 306,250 1.37

Table 6.2. Effect of system size on crack growth behaviour for a crack oriented on the
(1 1 1)[1 1 0]. Fracture occurs via dislocation emission.

No. Lx × Ly × Lz, nm
3 rmobile, nm atoms KI,MPa

√
m at event

1 10× 10× 1.5 4.5 23,500 1.07
2 20× 20× 1.5 9 49,000 1.12
3 30× 30× 1.5 13.5 110,250 1.17
4 40× 40× 1.5 18 196,000 1.17
5 50× 50× 1.5 22.5 196,000 1.37

Table 6.3. Effect of system size on crack growth behaviour for a crack oriented on the
(1 0 0)[0 1 0]. Fracture occurs via cleavage.

The effect of the nominal size of the supercell Lx on the value of the stress intensity factor

at which either dislocation emission or cleavage begins, KI at event, is shown in Fig. 6.3.

It can be seen that the smallest supercells underpredict the value of KI at event, which

could be the result of the elastic interaction of dislocations and crack tip fields with the

edge of the supercell. For Lx > 30 nm, the predicted value of KI converges at around 1.36

and 1.17MPa
√
m, for dislocation emission and cleavage, respectively. Further increase

of the size of the supercell has no significant impact of value of KI at which crack tip

phenomena occur. Figure 6.3 suggests that the optimal size for the crack simulations is

Lx = 30 nm, that is, supercells No. 3 in tables 6.2 and 6.3. For supercells of this size,

the mobile region has radius rmobile = 13.5 nm, almost twice the size of the plastic zone

predicted by the second-order approximation. This simulation size will be used for the

rest of the simulations.
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Figure 6.3. Effect of the simulation size Lx on the stress intensity factor at which dislo-
cation emission or cleavage occur, KI at event. The variation of KI at event
with simulation size is negligible for Lx ≥ 30 nm.

6.3 Results

6.3.1 Fracture on pure Fe

Fracture in pure iron, for the orientations and conditions described in section 6.2, occurred

in two different manners: ductile and brittle. Cracks in the (1 1 1)[1 1 2] and (1 1 1)[1 1 0]

orientations, fracture in a ductile manner, showing the emission of dislocations from the

crack tip at a critical value of the stress intensity factor. This process blunts the ini-

tially sharp crack and prevents crack growth. On the other hand, cracks oriented on the

(1 0 0)[0 1 0] fracture in a brittle manner, with little plasticity around the crack tip and

extensive crack growth. These two distinctive fracture mechanisms are discussed in the

following paragraphs.

Ductile failure

The fracture process on the cracks with (1 1 1)[1 1 2] and (1 1 1)[1 1 0] orientations takes

place in a ductile manner. The fracture behaviour is controlled by the emission (nucleation

and subsequent glide) of dislocations from the crack tip. The emission of dislocations is

possible due to the high stresses found at the crack tip and favourably oriented slip

systems. Crack growth is limited due to dislocation emission, which blunts the crack tip.

This process is illustrated in Fig. 6.4. At the beginning of the simulation (Fig. 6.4a),

KI = 0.8MPa
√
m, which is not enough to produce crack growth ∆a. It can be seen that

the crack is sharp and that the supercell contains atoms in BCC positions (blue atoms)

and defect atoms (grey atoms), which in this case, are all part of the crack surface. As

KI is increased to 1.18MPa
√
m, little crack growth is produced, ∆a = 0.04 nm, before
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a 1
2
⟨1 1 1⟩ dislocation (highlighted in red circles) nucleates at and glides away from the

crack tip. Dislocation emission takes place in glide planes that are perpendicular to

the crack plane, which blunts the crack tip and arrests crack growth. Increasing KI to

1.59MPa
√
m produces limited crack growth ∆a = 0.651 nm and a second dislocation

on the opposite side of the crack plane (Fig. 6.4c). The crack growth process continues

by alternating events of crack advance, followed by dislocation emission and crack arrest

(Fig. 6.4d). Higher values of KI are needed to produce more crack growth, which is typical

of ductile materials. Emitted dislocations produce a back-stress on the crack tip, making

it harder for subsequent dislocations to nucleate, thus increasing the value of KI required

for dislocation emission.

The fracture behaviour of the (1 1 1)[1 1 0] crack orientation is qualitatively identical to

that of the (1 1 1)(1 1 2) orientation shown in Fig. 6.4. The main difference between them is

the valueKI at which dislocation emission takes place. For the (1 1 1)[1 1 0] orientation, the

first dislocation nucleated at KI = 1.36MPa
√
m, showing a higher toughness compared

with that of the (1 1 1)(1 1 2) orientation. Another difference is the slip plane on which

emitted dislocations glide. For the (1 1 1)(1 1 2) orientation dislocations glide on (1 1 2)

slip planes whereas for the (1 1 1)[1 1 0] crack orientation is the (1 1 0). In both cases,

active slip planes are perpendicular to the crack plane.
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(a) KI = 0.8MPa
√
m, ∆a = 0nm (b) KI = 1.18MPa

√
m, ∆a = 0.04 nm

(c) KI = 1.59MPa
√
m, ∆a = 0.651 nm (d) KI = 2.2MPa

√
m, ∆a = 1.6 nm

Figure 6.4. Deformation of the (1 1 1)[1 1 2] crack. In blue, atoms in BCC positions, and in
grey defect atoms. Dislocations highlighted in red circles. a) The appliedKI is
not high enough to drive crack growth, ∆a = 0. b) Under KI = 1.18MPa

√
m,

a 1
2
[1 1 1] dislocation is emitted from the crack-tip which blunts the crack-tip

and arrests crack growth. c) Increasing KI produces another dislocation and
limited crack growth. d) The fracture process consists on alternating crack
growth, dislocation emission and blunting events as KI is increased.

Brittle fracture

When the crack is oriented on the (1 0 0)[0 1 0] orientation, fracture occurs via cleavage,

that is, the permanent separation of atomic planes when a critical crack-tip opening

displacement (CTOD) is achieved. This process is shown in Fig. 6.5. Atoms in blue and

grey are atoms in BCC coordination and defect atoms, respectively. At the beginning

of the simulation (Fig. 6.5a), KI = 0.8MPa
√
m, which it is not high enough for crack

growth onset. Crack growth begins when KI is increased to 1.15MPa
√
m, resulting in a

crack extension of ∆a = 0.93 nm, as can be seen in Fig. 6.5b. At the crack-tip, two sets of

non-surface atoms on planes forming approximately 45◦ with the crack growth direction

are shown in grey, suggesting that they form part of a deformed region of the crystal.

This localised strain could be the result of a complex shearing process of atoms at the
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crack-tip necessary to achieve the critical CTOD similar to that suggested by Knott [192].

Cleavage occurs via the cooperative movement of atoms (‘shuffles’), in this case on {1 1 0}
planes, immediately close to the crack-tip (within 1 nm), as can be seen in Fig. 6.5d. As

opposed to the ductile fracture mechanism seen in Fig. 6.4 where limited crack growth

was observed, a small increase in the applied stress intensity factor results in considerable

crack extension. As shown in Fig. 6.5c, increasing KI to 1.3MPa
√
m results in crack

extension of 4.8 nm. This behaviour captures the brittle nature of the (1 0 0)[0 1 0] crack

orientation.

(a) KI = 0.8MPa
√
m, ∆a = 0nm (b) KI = 1.15MPa

√
m, ∆a = 0.93 nm

(c) KI = 1.3MPa
√
m, ∆a = 4.8 nm (d) Atomic shearing

Figure 6.5. Deformation of the (1 0 0)[0 1 0] crack. In blue, atoms in BCC positions, and
in grey, defect atoms. The star indicates the initial crack-tip position. a)
The applied KI is not high enough to drive crack growth. b) Under KI =
1.15MPa

√
m, crack growth begins, resulting in a crack extension of ∆a =

0.93 nm c) Small increases of KI produces considerable crack growth. d) At
the crack-tip a complex atomic shearing process occurs.
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6.3.2 Fracture on Fe-H

Equilibrium H distribution

The distribution of hydrogen around the crack-tip after its introduction is shown in

Fig. 6.6. For H concentrations below C0 = 0.29 at.%, hydrogen atoms are only present

on the crack surfaces as can be seen in Fig. 6.6a. Due to their strong binding, the ad-

sorption of hydrogen atoms on the crack surfaces is thermodynamically favourable. At

higher concentrations (e.g. C0 > 0.43 at.%), hydrogen is present in sufficient quantities

to saturate the crack surfaces, which results in the absorption of hydrogen into the bulk,

as shown in Fig. 6.6b. Solute hydrogen can easily diffuse to the crack-tip due to the elas-

tic interaction between the hydrogen misfit volume and the highly tensile pressure field

found at the vicinity of the crack-tip. With further increase of the concentration (e.g.

to C0 = 1.45 at.%) there is plenty of H solutes available to aggregate at the crack-tip.

The aggregation of hydrogen occurs asymmetrically, at approximately 90◦ from the crack

plane normal, as can be seen in Fig. 6.6c. The high local H concentration at the crack-tip

results in a BCC to FCC phase transformation, as shown in Fig. 6.6d. This phase trans-

formation was suggested to occur via a reverse Bain mechanism [14, 193]. A BCC unit

cell can be seen as a faced-centred tetragonal (FCT) unit cell in which the (1 1 0) planes

of the BCC unit cell are the (1 1 1) of the FCT unit cell. Straining uniaxially the FCT

unit cell would result in the transformation to FCC.
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(a) C0 = 0.29 at.% (b) C0 = 0.58 at.%

(c) C0 = 1.45 at.% (d) C0 = 1.45 at.%

Figure 6.6. Equilibrium hydrogen distribution around the crack-tip for different H con-
centrations. a) At low concentrations all hydrogen is located on the crack
surfaces. b)-c) Higher concentrations saturate the crack surfaces and hydro-
gen is absorbed into the bulk, where can readily diffuse to the crack-tip. d)
For C0 > 1.16 at.%, a BCC (blue) to FCC (green) phase transition at the
crack-tip occurs due to the aggregation of H solutes of the crack-tip.

Ductile failure

For the ductile orientations, hydrogen had noticeable effect on the fracture events (e.g.

crack blunting and crack extension) and the values of the stress intensity factor needed

to produce such events. The dependence of the fracture behaviour for the (1 1 1)[1 1 2]

orientation with the hydrogen concentration goes as follows. At low concentrations, e.g.

C0 = 0.14 at.%, the crack surface is unsaturated and no bulk hydrogen atoms are present.

The fracture behaviour at this concentration was identical to the H-free scenario, in which

dislocation emission blunts the crack-tip preventing crack advance.

At a concentration of C0 = 0.29 at.% crack surfaces are nearly saturated, and the fracture

behaviour deviates from that of the pure Fe. To illustrate, snapshots of the fracture

behaviour at this concentration are shown in Fig. 6.7. H atoms (in purple) are located on

the crack surface. Similarly to the fracture in pure Fe, initially KI = 0.8MPa
√
m, which is
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not enough to produce crack extension (Fig. 6.7a). The first dislocation nucleates at KI =

1.23MPa
√
m (Fig. 6.7b), slightly higher than in pure Fe. However, the crack advance

produced before the dislocation nucleated, ∆a = 0.79 nm, was considerably higher in the

presence of H than that of pure Fe (∆a = 0.04 nm). This crack extension was produced

in a cleavage-like manner, with little plasticity seen during the crack growth process. As

shown in Fig. 6.7c, the second dislocation nucleated at a lower value of stress intensity

factor and a higher crack extension, respectively KI = 1.37MPa
√
m and ∆a = 0.94 nm,

compared with that of pure Fe (KI = 1.59MPa
√
m, ∆a = 0.04 nm). Since there is no

H solute in the bulk, due to the low H concentration, the increased crack extension per

increment of stress intensity factor can be attributed to the effect of hydrogen adsorbed

on the crack surfaces. Increasing KI further produces considerable plastic deformation.

The emission of dislocations gliding on {1 1 0} slip planes at approximately 35◦ from the

crack plane can be seen at KI = 2.22MPa
√
m (Fig. 6.7d). This type of dislocation was

not seen in the pure Fe simulations, suggesting that the surface hydrogen atoms can

favour the activation of secondary slip planes. Unlike the previous dislocations whose

slip planes are perpendicular to the crack plane, the emission of dislocations on planes

oblique to the crack plane seems to contribute to crack-tip re-sharpening, as opposed to

blunting, as can be seen in Fig. 6.7d. The estimated radius of curvature of the crack-tip

was approximately 3.3 and 1.6 Å, before and after the emission of oblique dislocations,

respectively, as shown in figure 6.8. Furthermore, the emission of oblique dislocations

was also observed when reducing the relaxation time2 between KI increments to 10 ps, as

can be seen in Fig. 6.9a. Under these conditions, crack advance can occur at rates above

1m s−1 along distances of a couple of nanometres, which is too high for diffusion to play

a role and suggests that adsorption is responsible. This fracture behaviour is reminiscent

of the Adsorption Induced Dislocation Emission mechanism proposed by Lynch [8, 18,

62], in which dislocations are emitted on slip planes bisecting the crack plane normal at

an angle that re-sharpens the crack-tip and promotes crack growth.

2The relaxation time between KI increments for the rest of the simulations was 1 ns.
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(a) KI = 0.8MPa, ∆a = 0nm (b) KI = 1.23MPa, ∆a = 0.79 nm

(c) KI = 1.37MPa, ∆a = 0.94 nm (d) KI = 2.22MPa, ∆a = 2.2 nm

Figure 6.7. Deformation of the (1 1 1)[1 1 2] crack with C0 = 0.29 at.%. H atoms in purple,
Fe atoms in BCC positions in blue and defect Fe atoms in grey. a) The applied
KI is not high enough to drive crack growth, ∆a. b) The first dislocation
nucleates under slightly higher KI than that of pure Fe; however, the crack
extension produced, ∆a = 0.79 nm, is considerably higher than in the absence
of H. c) Lower KI is needed for the nucleation of the second dislocation, which
occurs at a crack extension of ∆a = 0.94 nm. d) Extensive plastic deformation
is produced with increasing KI. The nucleation of dislocations gliding on slip
planes oblique to the crack plane promote crack growth and re-sharpen the
crack-tip.
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(a) Before emission (b) After emission

Figure 6.8. (1 1 1)[1 1 2] crack-tip before and after the emission of a 1
2
(1 1 1) dislocation

on a slip plane oblique to the crack plane. The emission of the dislocation
seems to re-sharpen the crack-tip.

(a) C0 = 0.29 at.% (b) C0 = 0.87 at.%

Figure 6.9. Deformation of the (1 1 1)[1 1 2] crack with 10 ps between KI increments.
a) Dislocation emission. b) Twinning.

The fracture behavour at higher concentrations is shown in Fig. 6.10. With a concen-

tration of C0 = 0.87 at.%, hydrogen is present in sufficient quantities to aggregate at the

crack-tip. The accumulation of hydrogen prevents dislocations being emitted from the

crack-tip and crack growth occurs in a cleavage-like manner when KI is high enough, in

this case 1.11MPa
√
m (Fig. 6.10a). Crack growth stops with the nucleation of a pair

of dislocations with slip planes parallel to the crack plane. The nucleation of these dis-

locations seems to be a consequence of hydrogen atoms not being able to keep up with

the crack growth rate.Once crack growth stops, hydrogen atoms can reach the crack-tip

and crack growth restarts due to increasing local H concentration and the increasing KI

(Fig. 6.10b). This process of slow crack growth involving hydrogen diffusion to the crack-

tip, crack growth via cleavage and crack arrest due to dislocation emission is similar to

the one reported by Song and Curtin [14]. This fracture behaviour is clearly time depen-
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dent as it requires H diffusion to the crack-tip. Therefore, this failure mechanism is not

observed when reducing the time between KI increments, as shown in Fig. 6.9b.

The relaxation time between KI increments of 1 nm might seem short for hydrogen to

diffuse to the crack-tip. However, given the small length scale of these simulations, relax-

ation times are long enough. The diffusion coefficient of H in BCC Fe at 500K has been

calculated using Molecular Dynamics and the interatomic potential used in this work as

1.3× 10−8m2/s [38]. This value is in agreement with experimental measurements in high

purity Fe for the same temperature 2 × 10−8m2/s [42]. Using the value obtained from

simulation, the hydrogen diffusion distance ∼
√
Dt in 1 ns is approximately 3.6 nm (or

linear velocities of 3.6m s−1). Therefore, hydrogen diffusion to the crack tip is possible

provided that crack velocities are below this value. In this scenario, dislocation nucle-

ation is prevented and crack occurs in a cleavage-like fashion. Crack growth might also

occur at higher rates during short intervals and H solutes might not be able to keep up

with the crack tip. In this case, dislocation emission from the crack-tip will take place

and the crack will arrest. Reducing the relaxation time between KI increments results

in higher crack rates, preventing hydrogen diffusion to the crack-tip. In this case, crack

growth occurs via other stress relieving mechanism e.g. twinning, as shown in figure 6.9b.

Twinning has been reported in fractured Fe single crystals loaded at strain rates of 103 s−1

[138].

(a) KI = 1.11MPa, ∆a = 0.11 nm (b) KI = 1.75MPa, ∆a = 6.3 nm

Figure 6.10. Deformation of the (1 1 1)[1 1 2] crack orientation with C0 = 0.87 at.%. H
atoms in purple, atoms with BCC coordination in blue and defect atoms
in grey.a) Hydrogen atoms saturate the crack surface and accumulate at
the crack-tip. Crack growth begins at KI = 1.11MPa

√
m. b) The bulk

hydrogen accumulated at the crack-tip prevents dislocation emission and
crack extension occurs via cleavage until it arrests due to the nucleation of a
pair of dislocations. As KI is increase and as H atoms diffuse to the crack-tip
and crack growth onsets again.

The deformation process of the (1 1 1)[1 1 0] crack orientation, shown in Fig. 6.11, was

qualitatively similar to that of the (1 1 1)[1 1 2] orientation. At low H concentrations, in
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which all hydrogen is located on the crack surfaces, the fracture process was identical to

that of pure Fe (Fig. 6.4). At higher H concentrations, when H is also present in the bulk,

the deformation is analogous to that shown in Fig. 6.10, in which hydrogen prevented the

nucleation of dislocations and pronounced crack growth took place. Further increase of

the concentration, e.g. to C0 = 1.16 at.%, leads to intense localised plasticity ahead of the

crack-tip. Extensive dislocation nucleation and the formation of a nanovoid can be seen in

Fig. 6.11c and 6.11d. These features resemble those described by the HELP model. Unlike

the fracture on the (1 1 1)[1 1 2] crack orientation, the emission of oblique dislocations, as

those seen in Fig. 6.7, was not observed on the (1 1 1)[1 1 0] orientation. This suggests

that for this crack orientation, surface hydrogen has little effect on the fracture behaviour,

which is controlled by the amount of hydrogen aggregated at the crack-tip. A possible

reason for absence of oblique dislocations on the (1 1 1)[1 1 0] crack orientation is discussed

in section 6.4.

(a) C0 = 0.29 at.%, KI = 2.2MPa (b) C0 = 0.58 at.%, KI = 1.7MPa

(c) C0 = 1.16 at.%, KI = 2.4MPa (d) C0 = 1.45 at.%, KI = 2.4MPa

Figure 6.11. Deformation of the (1 1 1)[1 1 0] crack as a function of the H concentration
C0. H atoms in purple, Fe atoms in BCC positions in blue and Fe atoms
with no crystalline structure in grey.
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Brittle fracture

On the (1 0 0)[0 1 0] orientation, the effect of adding hydrogen on the fracture behaviour

was to reduce the stress intensity needed to produce crack growth. Figures 6.12 and 6.13

show the fracture process at different hydrogen concentrations. Hydrogen concentrations

as low as 0.29 at.% resulted in noticeable reductions to the applied KI that produced

crack extension. At this concentration hydrogen is mainly present adsorbed on the crack

surfaces, with very limited aggregation in the region ahead of the crack-tip. As can

be seen in figures 6.5c and 6.12, with a concentration of 0.58 at.% crack growth begins

when KI = 0.97MPa
√
m, a considerably lower value compared with that seen in pure Fe

(1.17MPa
√
m). Fracture occurs via cleavage of (1 0 0) planes, leaving a completely planar

fracture surface. Although similar quasi-cleavage features were seen in the (1 1 1)[1 1 2]

crack orientation at concentrations above 0.87 at.% (Fig. 6.7), that fracture processes is

different from that of the (1 0 0)[0 1 0] crack orientation. In the (1 1 1)[1 1 2] crack orienta-

tion the role of hydrogen was to prevent dislocation emission from the crack-tip. Instead,

hydrogen seems to reduce the work of fracture, so that lower stresses are needed to break

atomic bonds at the crack-tip. This reduction of the cohesive strength of the lattice might

be associated with the ‘shuffles’ of atoms at the crack-tip by which cleavage is produced,

as discussed in section 6.3.1. If atoms at the crack-tip can be more easily re-arranged,

the separation of the crack-tip will happen at lower stresses, and greater crack extension

will be produced for a given stress intensity when compared with pure Fe. As shown in

Fig. 6.12b, the crack extension produced when applying KI = 1.3MPa
√
m was 4.8 and

7.1 nm for pure Fe and with a concentration of 0.58 at.%, respectively.

(a) KI = 0.97MPa, ∆a = 0.71 nm (b) KI = 1.3MPa, ∆a = 7.1 nm

Figure 6.12. Deformation of the (1 0 0)[0 1 0] crack with C0 = 0.58 at.%. H atoms in
purple, Fe atoms in BCC positions in blue and defect atoms in grey.

At higher hydrogen concentrations, hydrogen builds up at the crack-tip, inducing a phase

transformation to FCC similar to that shown in Fig. 6.6d. However, the aggregation in this

orientation seems to occur directly in front of the crack-tip as opposed to asymmetrically

as it was the case of the (1 1 1)[1 1 2] crack orientation. Furthermore, H aggregation seems
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to induce the formation of a stacking fault a {1 1 0} plane in the FCC transformed phase,

which is represented by the red atoms in Fig. 6.13a. Crack growth occurs extensively

after onset at KI = 1.43MPa
√
m. Cleavage seems to occur along stacking fault, resulting

in fracture along the (1 1 0) plane at 45◦ from the original crack plane. This deviation

from the original (1 0 0) cleavage plane is a consequence of the hydrogen aggregation at

the crack-tip. However, considerably higher values of KI were needed to drive the crack

compared with that in the absence of hydrogen (KI = 1.17MPa
√
m), suggesting that

hydrogen damage is limited under these conditions.

(a) KI = 0.9MPa, ∆a = 0.09 nm (b) KI = 1.7MPa, ∆a = 2.5 nm

Figure 6.13. Deformation of the (1 0 0)[0 1 0] crack with C0 = 1.45 at.%. H atoms in
purple, Fe atoms in BCC, FCC and HPC structure in blue, green and red,
respectively. Defect atoms in grey and cyan.

6.3.3 Effect of H on fracture toughness

The effect of hydrogen on the fracture toughness can be seen by plotting the applied

stress intensity factor KI versus the resulting crack extension ∆a. Such a plot is shown

in Fig. 6.14 for the (1 1 1)[1 1 2] and (1 1 1)[1 1 0] crack orientations and concentrations up

to C0 = 1.16 at.%. For pure Fe, crack growth is steady and results from the iterative

process of crack growth followed by dislocation emission and blunting, illustrated by the

progressively raising blue series in figures 6.14a and 6.14b.

For the (1 1 1)[1 1 2] crack orientation with a concentration of 0.29 at.% (red), hydrogen

is only present at the crack surfaces which resulted in moderate increase of the crack

extension compared with that of pure Fe. As discussed in section 6.3.2, when dislocations

are emitted on slip planes oblique to the crack plane normal, crack growth is promoted

and the crack-tip is re-sharpened. Such a process resulted in increased crack extension

depicted by the sudden increase of the slope of the orange series when KI = 2.2MPa
√
m

in Fig. 6.14a.

At higher H concentrations (e.g. C0 = 0.58 at.%), in which there is plenty of hydrogen

to aggregate at the crack-tip, fracture occurs via the slow crack growth process shown
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in figures 6.10 and 6.11b. This process corresponds to the purple and yellow series in

figures 6.14a and 6.14b, respectively. When hydrogen is present at the crack-tip, disloca-

tion emission is prevented and growth occurs readily in a cleavage-like manner with little

plastic deformation, corresponding to steep slopes of the aforementioned series. Crack

growth is fast and the tip becomes H depleted, so that dislocation emission is possible

and the crack blunts. This is shown by the horizontal segments. Once sufficient hydrogen

solutes aggregate at the crack-tip, cleavage-like growth can continue.

For the (1 1 1)[1 1 0] crack orientation from concentrations of C0 = 1.16 at.%, extensive

dislocation nucleation leads to the formation of a highly localised plastic zone ahead of

the crack-tip, as shown in figures 6.11c and 6.11d. This fracture mechanism corresponds

to the green series in Fig. 6.14b. While crack extension is below that seen at lower

concentrations (e.g. 0.58 at.%), it is larger than that seen in pure Fe. The development of

the plastic zone initially leads to blunting. However, at higher values of applied KI, the

formation of nanovoids, seen in Fig. 6.11d, are likely to result in abrupt crack growth via

nanovoid coalescence.
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Figure 6.14. Applied stress intensity factor KI versus crack extension ∆a for (1 1 1)[1 1 2]
and (1 1 1)[1 1 0] crack orientations.

The effect of hydrogen on the fracture toughness on the (1 0 0)[0 1 0] crack orientation

can be seen in Fig. 6.15. It can be seen that increasing the hydrogen concentration

to C0 = 0.29 at.% reduces the stress intensity needed to start crack growth by nearly

0.2MPa
√
m. This reduction is maintained for concentrations below 1.45 at.%. Increas-

ing the H concentration above that value delays the onset of crack growth to nearly

1.4MPa
√
m due to the formation of an FCC phase at the crack-tip, as shown in Fig. 6.13.

Figure 6.15 suggests that for the (1 0 0)[0 1 0] crack orientation hydrogen damage is severe

within a concentration window. Concentrations above this range, approximately between

0.29 and 1.16 at.%, will not result in greater crack extensions than in the absence of H.
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Figure 6.15. Applied stress intensity factor KI versus crack extension ∆a for (1 0 0)[0 1 0]
crack orientation.

6.4 Discussion

6.4.1 Connection with experimental fracture mechanics results

The applied values of KI that produced crack growth in these simulations are more than

an order of magnitude below fracture toughness values reported for steels. For instance,

KIc for an ANSI 1144 steel was reported as 66MPa
√
m [194], whereas in this work, crack

advance was observed at values of KI lower than 3MPa
√
m. This discrepancy can be

attributed to the fact that in these simulations the region around the crack-tip consists of

perfect material as microstuctural defects that play a significant role in the deformation

process (e.g. grain boundaries, inclusions, other dislocations, etc.) have not been included.

The fracture process in a real material is affected by the presence of these defects, in many

cases increasing the stress needed to sustain crack growth; for instance, when the crack-

tip encounters a grain boundary. Another important factor is the significant length scale

difference between experimental tests and MD simulations. The fracture toughness values

obtained from these simulations correspond to crack extensions in the nanometre length

scale, which are too small to be detected in experimental K-controlled fracture tests.

For K-controlled fracture MD simulations, as the resistance to crack extension increases

(e.g. due to the blunting of the crack-tip by dislocation emission), higher values of stress

intensity factor are needed to produce crack growth. When KI is high enough, other stress

relieving mechanisms (e.g. microvoid coalescence) are possible. Unstable crack growth

can then take place at values of KI similar to those reported in K-controlled fracture

experiments. While in theory is possible to capture this behaviour using MD simulations,

the computational effort needed to maintain small scale yielding conditions as the plastic

zone increases with the applied KI makes such simulations impractical.

113



Newcastle University SoE

6.4.2 Effect of H on crack-tip dislocation emission

The fracture process on the (1 1 1)[1 1 2] crack orientation showed the emission of disloca-

tions from the crack-tip. In the absence of hydrogen or at very low concentrations (e.g.

0.14 at.%), dislocations were emitted on {1 1 2} planes perpendicular to the crack plane

normal. However, at concentrations close to 0.29 at.% the emission of 1
2
⟨1 1 1⟩ dislocations

on {1 1 0} slip planes at approximately 35◦ from the crack plane normal was also observed

(Fig. 6.7). The emission of these dislocations re-sharpened the crack which resulted in

greater crack extension per increment of stress intensity factor.

These observations can be rationalised as follows. The nucleation of a dislocation from

the crack-tip requires the simultaneous formation of a dislocation core and a surface step,

a process that occurs via the shearing of the atomic planes near the surface. Surface

hydrogen atoms could modify the energy barrier required for shearing, so that certain

atomic planes can be sheared more easily than others (e.g. the {1 1 0} planes compared

with {1 1 2} planes). The conditions at the crack-tip at which dislocation emission will

occur can be estimated using the Rice emission criterion [195]. The stress needed to

nucleate a dislocation is closely related to the unstable stacking fault energy γus. This

quantity is a measure of the resistance to dislocation emission of the material, and depends

on the slip plane and sliding direction. In an isotropic material, the energy release rate

for dislocation emission under mode I loading is given by equation (6.11) [195, 196]

GIe = γus
1 + (1− ν) tan2 ϕ

f 2
I (θ)

(6.11)

where θ is the angle between the slip plane and the crack plane, ϕ is the angle between the

dislocation burgers vector in the slip plane under consideration and the vector perpendic-

ular to the crack front on the slip plane, and fI(θ) the θ-dependent portion of the shear

stress resolved on the slip plane. GIe gives an indication of the driving force needed for

dislocation emission. If hydrogen favoured the nucleation of dislocations on {1 1 0} plane,

that could happen via the modification of γus. Accurate determination of γus is difficult

as it requires the dependence of the generalised stacking fault energy on the hydrogen

concentration, the effects of hydrogen on the surface step created by the nucleation of

the dislocation and the modification of stress fields due to hydrogen. Estimations using

molecular statistics on FCC and BCC materials suggest that γus can be modified due

to the presence of hydrogen [44, 197]. If hydrogen produced an increase of γus on the

{1 1 2} planes greater than that of the {1 1 0}, that could tilt the balance in favour of the

activation of {1 1 0} planes. The simulations in pure iron performed in this work suggest

that the preferred slip planes are those perpendicular to the crack plane, namely, the

(1 1 2) on the (1 1 1)[1 1 2] crack orientation and the (1 1 0) on the and (1 1 1)[1 1 0] crack

orientation. In the case of the latter crack orientation, if hydrogen favoured slip on {1 1 0}
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planes, this would reinforce the preference of the (1 1 0) plane and dislocation emission

would only occur perpendicularly to the crack plane, as observed in the simulations done

in this work (Fig. 6.11a). In the case of the (1 1 1)[1 1 2] crack orientation, if slip on the

{1 1 0} was favoured, that would make {1 1 0} slip planes oblique to the crack plane also

possible, resulting in two slip planes available for dislocation emission: the (1 1 2) plane,

perpendicular with the crack plane, and the (1 1 0) plane, oblique to the crack plane.

The (1 1 2) is still the main slip plane, however, at higher values of KI the activation of

secondary slip planes, e.g. the (1 1 0) plane, can also occur.

6.4.3 Connection to AIDE mechanism

The AIDE mechanism proposes that, since hydrogen damage can also occur at low D/v

ratios (D/v < 10−8 cm−1), where v is the crack velocity and D is the diffusivity of H,

adsorption is responsible. Under these circumstances, enhanced plasticity has been re-

ported despite diffusion of hydrogen ahead of the crack-tip being unlikely [8, 62]. Lynch

suggested that the enhanced plasticity at the crack-tip was caused by hydrogen adsorbed

on the surfaces of the crack-tip as opposed to diffusible hydrogen. The simulations per-

formed in this work allowed sufficiently long relaxations between KI increments. However,

dislocations nucleating on oblique slip planes were also observed when allowing shorter

simulation times. As shown in Fig. 6.9, these type of dislocations were emitted when

using relaxation times as short as 10 ps, which can result in crack velocities producing

D/v ratios close to 10−8 cm−1. The same was not true for concentrations where hydrogen

was present in the bulk, where the fracture behaviour changed considerably by reducing

the relaxation time between KI increments. The slow crack growth process shown in

Fig. 6.10 was no longer observed, due to the insufficient time for H atoms to diffuse to the

crack-tip. This suggests that the effect hydrogen on the plasticity around the crack-tip

seen in Fig. 6.7 is not time-dependant and supports the idea that it is caused by adsorbed

hydrogen, as proposed by the AIDE mechanism.

Furthermore, the crack-tip observations on which AIDE was based, show considerable

amount of localised plasticity, suggesting that the Hydrogen Enhance Decohesion (HEDE)

mechanism does not predominate [8, 62]. In this work, Fig. 6.7 shows increased crack

extension and noticeable plastic deformation around the crack-tip, confirming that the

HEDE mechanism is not operative at that H concentration. Dislocations emitted from

the crack-tip on {1 1 2} and {1 1 0} planes, perpendicular and oblique to the crack plane,

are responsible for the localised plasticity seen in Fig. 6.7. The main role of hydrogen

seems to be to facilitate the emission of dislocations on {1 1 0} slip planes. Dislocations

on secondary slip systems could contribute to the development of other types of defects

around the crack-tip. The presence of dislocations emitted on oblique planes will likely

interact with the nucleation of new dislocations, which can lead to formation of other

defects not seen in the absence of hydrogen. For instance, in Fig. 6.7d the formation of a

twin, resulting from the interaction of 1
2
⟨1 1 1⟩ dislocations gliding on {1 1 2} planes, can
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be seen. Twinning was not observed in the fracture of pure Fe as dislocations tend to

form pile-ups.

6.4.4 Viability of HE mechanisms

The manifestations of hydrogen embrittlement seen in section 6.3 can be related to some

of the HE mechanisms proposed in the literature. Aside from the similarities with the

AIDE mechanism discussed in the previous paragraph, other mechanisms such as HELP

and HEDE may operate. In the case of HELP, increased plasticity localised at the crack-

tip is needed. Plasticity comes in the form of high dislocation activity, leading to the

formation of nanovoids and crack growth. These features have been observed on the

(1 1 1)[1 1 0] crack orientation from H concentrations of 1.16 at.%, as shown in figures 6.11c

and 6.11d. As the HELP model proposes, transport of hydrogen solutes in sufficient

quantities to the regions ahead of the crack-tip is necessary. As shown in Fig. 6.11,

the fracture behaviour is changed considerably by reducing the H concentration. For

concentrations below 1.16 at.%, the dislocation activity was limited.

The relatively planar fracture surfaces seen in the (1 1 1)[1 1 2] crack orientation at H

concentrations of 0.87 at.% (figure 6.10) and the (1 1 1)[1 1 0] crack orientation at 0.58 at.%

(Fig. 6.11b) could be considered a manifestation of the HEDE mechanism. For instance,

a similar slow crack growth process observed in K-test experiments using Fe–3% Si single

crystals under H gas environment were rationalised using the HEDE model [198]. HEDE

proposes that cleavage is achieved by the weakening of the interatomic bonds at the

crack-tip and that dislocation activity plays a secondary role in the fracture process [199].

However, in the simulations in this work, it can be seen that such planar fracture surfaces

are the result of the prevention of dislocation emission from the crack-tip as opposed

to a decrease in lattice cohesion. Furthermore, while these features would appear flat

at the hundreds of nanometre length scale, they are not atomically flat as crack growth

does not seem to follow any particular cleavage plane. This suggests that rather than

weakening interatomic bonds, hydrogen hinders dislocation emission and cleavage occurs

as an alternative stress relieving mechanism. The cleavage fracture seen on the (1 0 0)[0 1 0]

orientation seems more inline with the HEDE mechanism, as the reduction in stress

intensity needed for crack growth can be related to reduction of cohesion at the crack-tip.

However, this reduction in cohesion was not only seen at high H concentrations in which

H aggregation at the crack-tip occurs, but also at low concentrations in which limited

H was present in the bulk. This conflicts with the HEDE mechanism as H diffusion

to regions ahead of the crack-tip is an important part of the embrittlement process, as

hydrogen needs to be present in sufficient quantities to induce decohesion. The cohesion

reduction when HEDE was active was noticeable, as demonstrated by the lower stress

intensity needed to produce crack growth (approximately 0.2MPa
√
m). This effect could

be greater if factoring in microstructural defects such as inclusions and grain boundaries.

These defects function as cleavage sources that become more potent with H segregation.
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6.4.5 Spectrum of HE mechanisms

A number of distinct HE failure modes were observed in the simulations carried out in

this work:

1. Crack-tip re-sharpening due to emission of dislocations oblique to the crack plane:

e.g on the (1 1 1)[1 1 2] orientation at C0 = 0.29 at.% (figure 6.7).

2. Slow crack growth resulting from alternation of cleavage and dislocation emission

from the crack-tip: e.g. on the (1 1 1)[1 1 2] orientation at C0 = 0.87 at.% and

(1 1 1)[1 1 0] orientation at C0 = 0.58 at.% (figures 6.10 and 6.11b, respectively).

3. Increased plasticity and nano-void formation at the crack-tip: e.g. on the (1 1 1)[1 1 0]

orientation at C0 = 1.45 at.% (figure 6.11d).

4. Cleavage at reduced stress intensity: e.g. on the (1 0 0)[0 1 0] orientation at C0 =

0.58 at.% (figure 6.12).

5. Hydrogen induced FCC transformation and cleavage: e.g. (1 0 0)[0 1 0] orientation

at C0 = 1.45 at.% (figure 6.13).

For a simplified scenario, with only a few tens of nanometres around the crack-tip in

an initially perfect crystal, like the one considered in these simulations, the number of

observed failure modes that resulted from the variation in hydrogen concentration and

crystal orientation was high. It is reasonable to assume that the possible number of failure

mechanisms that can be operative in a real crack in a material containing microstructural

defects that affect the fracture process would be even higher. Therefore, we might have a

spectrum of HE mechanisms as opposed to a single mechanism that operates for a given

material or that is responsible for a certain fracture morphology. The models proposed

in the literature might be only a small part of such spectrum.

6.5 Conclusions

The effect of hydrogen on the fracture behaviour of three crack orientations, in BCC Fe

was investigated using molecular dynamics. Results indicate that hydrogen can reduce

the material’s load bearing capacity in a number of ways depending on the hydrogen

concentration and crack orientation, leading to failure in either ductile or brittle mode.

Increasing the hydrogen concentration resulted in reduced fracture toughness, as the crack

growth started at lower stress intensity factor values and resulted in larger crack extensions

when compared with pure Fe. For crack orientations that fail in a ductile manner in the

absence of hydrogen, crack growth was more severe at medium H concentrations (0.58 –

0.87 at.%), when the emission of dislocations from the crack-tip was prevented and fracture

occurred in a cleavage-like fashion. Other failure mechanisms resembling the HELP and

AIDE mechanisms were also observed in certain conditions. HELP was observed on the
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(1 1 1)[1 1 0] orientation with H concentrations above 1.16 at.%, and AIDE was observed on

the (1 1 1)[1 1 2] orientation with a H concentration of 0.29 at.%. Crack growths produced

by these mechanisms were higher than those in pure Fe, suggesting a detrimental effect

on the material’s fracture toughness.

In the orientation failing in a brittle manner in the absence of hydrogen, the (1 0 0)[0 1 0],

the most severe hydrogen damage occurred with H concentrations between 0.29 and

1.16 at.%. At these concentrations, crack growth started at lower stress intensity factor

values than those in pure Fe. This behaviour is consistent with the HEDE mechanism,

as the lower stress intensity needed for crack growth is an indication of the reduction of

the lattice cohesion. At higher concentrations, H accumulation at the crack-tip resulted

in a FCC transformation, and cleavage was produced along a stacking fault that formed

as the stress intensity was increased. This deformation mechanism require higher stress

intensity than the deformation in pure Fe. Nevertheless, it illustrates how hydrogen can

affect the fracture process of Fe.
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Chapter 7

Conclusions and Further Work

The aim of this work was to investigate the mechanisms of hydrogen embrittlement that

operate in steels using molecular dynamics simulation. Consequently, three different

molecular dynamics studies were carried out. The main findings of these studies are

presented in the following paragraphs.

7.1 Atomistic simulations of tensile test

Chapter 4 investigated the impact of C on the mechanical properties of ferrite with the

aim of determining whether neglecting C atoms from the solid solution was detrimental to

the accuracy of the simulation. The tensile strength of α-Fe and ferrite single crystals was

calculated from tensile test simulations. The tests were performed in two configurations

(periodic and non-periodic boundary conditions) along four different orientations ([1 1 1],

[1 1 0], [1 1 2] and [1 0 0]), and using strain rates ranging from 107 to 1010 s−1.

Results showed that the strength of the supercell can be increased by up to 20% by

including C atoms in the simulation. These differences were noticeable in orientations

that failed due to dislocation slip, namely the [1 1 1] and the [1 1 0] orientations, indicating

that the increased strength is a consequence of dislocations locking up to C interstitials.

The strengthening effect of carbon was not seen in nanowhiskers, most likely due to the

high surface-to-volume ratio that controls the mechanical response. As shown in tables 4.1

and 4.2, the strongest orientations were those failing due to dislocation slip, the [1 1 1]

and [1 1 0] orientations, followed by those failing due to twinning, the [1 1 2] and the

[1 0 0] orientations. This trend was seen in both ferrite and α-Fe. The higher strength

of the [1 1 1] and [1 1 0] orientations was attributed to the higher energy required for the

nucleation of a full 1
2
[1 1 1] dislocation, which in these two orientations is favourably

oriented.

Two regimes were observed when describing the dependence of σmax on the strain rate ε̇,

as shown in figure 4.6: 1) at low strain rates, ε̇ seem to have no influence on σmax as the
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latter fluctuates around a constant value, and 2) at high strain rates, σmax is a function

of ε̇. This behaviour was attributed to the transition between thermally assisted and

athermal yielding that results from the encounters of dislocations with obstacles in the

crystal such as C interstitials and other dislocations. High strain rates limit the amount

thermal assistance so that more mechanical energy is required for dislocation motion,

resulting in higher recorded stresses.

7.2 Hydrogen effects on dislocation mobility

The effects of hydrogen on the mobility of an edge dislocation was investigated in chapter

5 in order to test one of the main concepts of the HELP theory: hydrogen enhanced

dislocation mobility. The simulations used the periodic array of dislocations (PAD) model,

in which an edge dislocation is introduced in the supercell and, due to the periodicity in

the glide direction, is allowed to glide indefinitely through the application of shear stress.

The dislocation mobility was tested under 4 different scenarios: 1) in pure Fe, 2) in the

presence of a C interstitial, 3) in the presence of H solutes, and 4) in the presence of a C

interstitial and H solutes.

In pure Fe, the dislocation was able to glide readily and dislocation motion followed viscous

drag dynamics, as shown in figures 5.8 and 5.9. In this regime, the calculated glide velocity

was proportional to the applied stress and corresponded to the free-flight velocity of the

dislocation as there was little resistance to dislocation motion, which came mainly from

lattice vibrations. These vibrations are more numerous at higher temperatures, which

resulted in higher drag coefficients and lower glide velocities as the temperature was

increased.

In the presence of a C interstitial, the mobility of the dislocation was controlled by the

time taken to overcome the C interstitial that initially pinned the dislocation, as shown in

figure 5.10. Consequently, glide velocities were significantly lower when compared to the

pure Fe scenario. The glide velocity was approximately 5 times lower in the presence of a C

interstitial than in pure Fe, as seen in figures 5.7 and 5.10. Because the dislocation motion

was dominated by the contact times with the C interstitial, increasing the temperature,

which also increased the amount of thermal assistance for unpinning the dislocation,

resulted in higher glide velocities and lower drag coefficients, as seen in figure 5.11. This

behaviour is consistent with experimental measurements of glide velocities in Fe.

Adding H solutes to the supercell resulted in the formation of Cottrell clouds in the

tensile stress field of the dislocation core. The formation of this clouds was detrimental

for dislocation motion as solute drag controlled the glide process. As shown in figure 5.14,

glide velocities in the solute drag regime were up to three orders of magnitude lower than

in the viscous drag regime (pure Fe), suggesting that the effect of hydrogen in the core of

edge dislocations alone is unlikely to result in enhanced dislocation motion.
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In the presence of a C interstitial and H solutes, dislocation mobility was restricted even

further as glide was only observed when the dislocation became unpinned from the C

interstitial and the H cloud dissolved, as seen in figure 5.20. Since the stress needed

to unpin the dislocation from the C interstitial increased with the H concentration, the

limited dislocation mobility was attributed to the synergy between C and H solutes.

Hydrogen solutes do not seem to reduce the interaction energy of the C interstitial with

the dislocation, resulting in higher stresses needed to unpin the dislocation. Furthermore,

solute drag, another viable mechanism for dislocation glide, was not observed due to

the low diffusivity of C in Fe. As discussed in section 5.3.2, additional pinning points

consisting of H clusters that form due to the asymmetrical bow out of the dislocation

when locked to the C interstitial might further hinder dislocation mobility.

These results indicate that hydrogen decreases the mobility of edge dislocations when

gliding unobstructed or when gliding through a field of obstacles such a C interstitials.

Enhanced dislocation motion was not observed in these simulations.

7.3 Hydrogen effects on fracture

The effects of hydrogen on the fracture process of BCC Fe was studied in chapter 6.

Three crack orientations were studied, namely, the (1 1 1)[1 1 2], the (1 1 1)[1 1 0] and the

(1 0 0)[0 1 0] orientations and the fracture behaviour with H concentrations ranging from

0.14 to 1.45 at.% was investigated.

Results show how increasing the H concentration changed the fracture process, which in

several cases resulted in an overall decrease of the material’s fracture toughness. As shown

in figures 6.7 to 6.11, orientations in which failure is ductile in the absence of hydrogen

(the (1 1 1)[1 1 2] and (1 1 1)[1 1 0] orientations), toughness was high and increasing the

stress intensity factor resulted only in limited crack extension. However, in the presence

of hydrogen, toughness decreased and failure occurred via mechanisms that resulted in

greater crack extensions for a given stress intensity. These mechanisms resemble well-

known HE mechanisms such as AIDE, HEDE and HELP.

In the (1 0 0)[0 1 0] orientation, fracture was brittle in the absence of hydrogen, as seen in

figure 6.5. When hydrogen was present in concentrations below 1.16 at.%, the effect of

hydrogen was to reduce the stress intensity needed for the crack growth onset, as shown

in figure 6.12. This is an indication of a reduction in lattice cohesion, which together with

the completely planar fracture surface, is consistent with the HEDE model. At higher

concentrations, hydrogen accumulated at the crack-tip and induced an FCC transforma-

tion, as seen in figure 6.13. Cleavage occurred along planes oblique to the original crack

plane. While this failure mechanism required higher values of stress intensity, it illustrates

how hydrogen can influence the fracture process.

These simulations showed that HE mechanisms proposed in the literature can be operative
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in pure Fe (e.g. HEDE, HELP and AIDE), depending on the crack tip conditions. It was

also suggested that a full spectrum of HE mechanism might be possible. The preference

of one HE mechanism over others seems to be affected by a number of factors, such as the

local hydrogen concentration, the active cleavage and slip planes and the crack velocity;

this explains the great number of findings reported in the literature.

7.4 Further Work

The role of different microstructural defects on the fracture process of Fe and the effect

that hydrogen has in their presence should be investigated further. Grain boundaries were

not studied in this work, and there is debate on the HE mechanisms that are responsible

for intergranular failure. The author also believes that the role of cementite in hydrogen

embrittlement deserves greater attention. It has been suggested that this phase can

function as an irreversible hydrogen trap when located at grain boundaries and lath

interfaces [200]. Furthermore, there is great interest in repurposing natural gas pipelines

to hydrogen service. Pipeline materials with ferritic-pearlitic microstructure can be widely

found in the UK gas transmission network. Therefore, in order to achieve safe and cost-

effective operation of repurposed hydrogen pipelines, the effect of hydrogen on cementite,

as well as on cementite-ferrite interfaces, must be understood. This knowledge could

contribute to the general understanding of hydrogen embrittlement mechanisms and help

to design of steels with reduced susceptibility to this hydrogen damage.

Finally, there are other HE mechanisms proposed in the literature that can be investi-

gated using atomistic simulations. For instance, the Hydrogen-Enhanced Strain-Induced

Vacancies mechanism [201], in which hydrogen assisted vacancy cluster formation leads to

the creation of nano-voids, causing premature failure when located near stress concentra-

tors. Hydrogen is known to stabilise vacancies and reduce its energy of formation, which

could enable the formation of nano-voids. Direct observations of vacancies and hydrogen

is difficult with current characterisation techniques, making atomistic simulations a viable

alternative for the study of this mechanism.
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Appendix A

Validation of Interatomic Potentials

In classical Molecular Dynamics, the validity of the simulations largely depends on the

accuracy of the interatomic potential used. In order to evaluate the accuracy of the

interatomic potentials used in this work, several physical properties predicted by these

potentials were compared to DFT and experimental data and are shown in tables A.1

to A.3. The EAM interatomic potential developed by Ramasubramaniam et al. [13, 14]

has been widely used to study hydrogen related phenomena in bulk and defective Fe [14,

38, 60, 73, 202]. On the other hand, the ReaxFF potential developed by Islam et al. [12]

has been considerably less used. Its accuracy seems to be comparable with that of the

EAM potential.

Table A.1. Various physical properties predicted by the EAM [13, 14] and ReaxFF [12]
for Fe–H interatomic potentials used in this work.

Ref EAM ReaxFF
a 2.855 2.855 2.855
Ecoh 4.103 4.103 4.103
EH 0.34 [203] 0.297 0.4
Em

H 0.042 [204] 0.040 0.032

Ef
Vac 2.25 [205] 1.72 2.51

Eb
Vac-H 0.63 [203] 0.609 0.501

All energies in eV. a: Fe lattice parameter (Å), Ecoh: Fe cohesive energy, EH: dissolution energy, Em
H :

H diffusion barrier, Ef
Vac: vacancy formation energy, Eb

Vac-H: H-vacancy binding energy.
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Table A.2. Formation and binding energies (eV) for other defects predicted by EAM [13,
14] and ReaxFF [12] potentials.

Ref EAM ReaxFF

γ
(1 0 0)
s 2.30 [206] 1.75 2.29

γ
(1 1 0)
s 2.29 [206] 1.75 2.29

E
(1 0 0)
b 0.768 [13] 0.749 1.59

E
(1 1 0)
b 1.003 [13] 0.734 1.098

Eb
dislo-H 0.47[73] 0.42 0.33

γ
(h k l)
s : formation energy of (h k l) surface, E

(h k l)
b : H binding energy on (h k l) surface, Eb

dislo-H: H
binding energy with an edge dislocation.

Table A.3. Elastic constants (GPa) for Fe predicted by EAM [13, 14] and ReaxFF [12]
potentials.

Ref [170] EAM ReaxFF
C11 242 243 240
C12 146 145 115
C44 112 116 115
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Appendix B

Stroh Formalism and Anisotropic

Displacement Field

As discussed in section 6.1, a closed form solution for the displacement field for a semi

infinite crack in anisotropic media can be obtained using the Stroh formalism [190]. Such

solution is given by [119, 191]

u = KI

√
2r

π
Re

{
A ⟨cos θ + vα sin θ⟩B−1

}
(B.1)

Re {} stands for “the real part of”. Equation (B.1) shows that in order to compute the

displacement vector u of an atom, vα, A and B are needed. They can be obtained from

N

[
A

B

]
= v

[
A

B

]
(B.2)

where N is the fundamental elasticity matrix, which is a 6x6 matrix that depends only on

the stiffness tensor. Equation (B.2) is an eigenequation which has the form (Ax = λx) 1.

Since N is a 6x6 matrix, there are 6 eigenvalues, with their respective 6x1 eigenvectors.

As explained by Ting [191], for real problems, the 6 eigenvalues will always consist of 3

pairs of complex conjugates, vα (α = 1, 2, 3) for the positive conjugates and vβ (β = α+3)

for the negative conjugates. Furthermore, if we refer to each eigenvector as ξ, the first

three components of ξ as the vector a and the last three components as the vector b, the

eigenequation (B.2) can also be written as

Nξ = vαξ (B.3)

with

1Where A, λ and x are a square matrix, an eigenvalue and an eigenvector, respectively.
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ξ =

[
aα

bα

]
, α = 1, 2, 3 (B.4)

A and B are then, 3x3 complex matrices consisting of three 3x1 eigenvectors that satisfy

equation (B.3), that is, A =
[
a1 a2 a3

]
and B =

[
b1 b2 b3

]
. In equation (B.2),

v = ⟨vα⟩ = diag [vα] is a diagonal matrix composed by the Stroh eigenvalues vα.

N in equation (B.2) depends on the material’s stiffness. N is defined as

N =

[
N1 N2

N3 NT
1

]
(B.5)

with

N1 = −T−1RT , N2 = T−1, N3 = RT−1RT −Q (B.6)

and

Q =

C11 C16 C15

C16 C66 C56

C15 C56 C55

 , R =

C16 C12 C14

C66 C26 C46

C56 C25 C45

 , T =

C66 C26 C46

C26 C22 C24

C46 C24 C44

 (B.7)

where Cij are the components of the material stiffness tensor in contracted Voigt notation.
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